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Abstract
Several critical issues of the diffusion bonding process and interfacial properties of 
continuous single crystal Al2O3 (sapphire) fiber-reinforced NiAl matrix composites were 
studied. The first issue was the contributions of different densification mechanisms during the 
diffusion bonding process and the prediction of optimal hot pressing parameters for NiAl 
matrix coated fibers (MCFs). The choice of suitable process parameters of hot pressing is 
important in determining the properties of the final composite. Acceptable process parameters 
have to ensure fabrication of fully dense and void free composites with tolerable fiber damage 
as well as minimal chemical reactions between fiber and matrix in order to prevent the 
formation of harmful reaction products in the interface. Based on an analytical diffusion 
bonding model, in which primary creep of the NiAl matrix – that was studied by creep tests 
and dynamic tests – was included, the effects of the hot pressing parameters, i.e. pressure, 
temperature and time, on the deformation behavior and evolution of the microstructure of the 
matrix in NiAl composites, were simulated. Optimal parameters for the NiAl MCFs of 1300 
°C / 40 MPa / 30 ~ 60 minutes were recommended. The predictions were compared to 
experiments, and good agreement between the simulated and experimental results was found. 
The second issue was the thermal residual stress (TRS) in NiAl composites after thermal 
mechanical processing due to different coefficients of thermal expansion (CTEs) of fiber and 
matrix. Without a BN interlayer the simulated compressive axial TRS in sapphire fiber can be 
very high in a temperature range of 680 – 790 K and will result in fiber damage. By 
introducing a BN interlayer, the TRS level decreased and the fiber damage was lowered. 
However, it caused also a low interfacial strength that reduced the load transfer efficiency 
from the matrix to the fiber and thus, reduced the composite strength. A higher fiber volume 
fraction of approximately 40 – 60 % can effectively reduce the TRS in the sapphire fiber and 
therefore, fiber damage would be mitigated or even eliminated. The simulations were 
consistent with measurements by nano-indentation. 
The third issue was the interfacial properties of NiAl composites. By using push-out tests, 
the interface shear stress for complete debonding was measured. An interfacial model was 
developed, in which the thermal residual shear stress at the interface and the frictional stress 
at the interface were included to extract the intrinsic interfacial strength of NiAl composites. 
According to the simulation, initial debonding can occur at the top or bottom side depending 
on sample thickness. The push-out test was also numerically simulated at elevated 
temperatures by assuming a constant value of the interfacial shear strength. 
vi Abstract
Overall, a diffusion bonding model was developed to predict the optimal hot pressing 
parameters for achieving fully dense and void free composites with tolerable properties; TRS 
simulations recommended a suitable fiber volume fraction range for lower fiber damage. The 
models can be used as guidelines to design tough composites for future gas turbine blades. 
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1 Introduction 
1.1 Research Background 
To increase the efficiency of gas turbines is of both economical and environmental 
significance. To achieve an overall efficiency of 65 % (today about 58 %) for a combination 
power station firing natural gas the gas turbine inlet temperatures have to be increased up to 
1593 K (today 1503 K ISO). For this reason, a new turbine blade was designed in the 
Collaborative Research Center SFB 561:“Thermally highly loaded, porous and cooled Multi-
Layer Systems for combined Cycle Power Plants” of the Deutsche Forschungsgemeinschaft 
[1-2]. This concept associates multilayered, transpiration-cooled gas turbine blades with an 
innovative material utilized as the core of turbine blades that are expected to operate at a 
temperature of 1263 K with a life time of 50,000 hours under a stress of 150 MPa. Such 
demand of material performances can not be met by even the most advanced nickel-base 
super-alloys.
In recent years much research was devoted to the development of structural materials for 
service temperatures significantly above those of current super-alloys. One promising class of 
materials for such applications is intermetallic compounds. Among the numerous 
intermetallics under consideration, NiAl is especially attractive because of its favorable 
combination of low density (5.9 g cm-3), and high melting temperature (1911 K), besides high 
thermal conductivity and excellent oxidation resistance [3-4]. However, its low strength at 
high temperatures and its low toughness at room temperature (low-T embrittlement) severely 
limit its use for high temperature structural parts. One option to mitigate these problems is the 
reinforcement of NiAl with continuous ceramic fibers. Such intermetallic matrix composites 
(IMCs) are usually fabricated by hot pressing consolidation.
There are three main routes for IMC production by diffusion bonding: foil-fiber-foil (FFF) 
technique, mono tape technique (MT) [5-9] and matrix-coated fiber (MCF) technique [10-18]. 
The latter is the most promising method to achieve an optimum fiber distribution (Fig. 1.1). 
MCF processing consists of two stages. First, the fibers are coated with matrix material by 
means of physical vapor deposition (PVD) or chemical vapor deposition (CVD). In a second 
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stage, the matrix-coated fibers (MCFs) are stacked in an appropriate mould and then 
consolidated by hot isostatic pressing (HIP) or vacuum hot pressing (VHP). 
Fig. 1.1 Schematics of fabrication processes and property tests of NiAl composites. 
The consolidation process is important in determining the properties of the final 
composite. The microstructure and hence the properties of the MCF-fabricated IMCs depend 
upon the choice of the process parameters during the consolidation process. Acceptable 
process parameters have to ensure fabrication of fully dense and void free composites with 
tolerable fiber damage as well as minimal chemical reactions between fiber and matrix in 
order to prevent the formation of harmful reaction products in the interface. The effects of the 
hot pressing parameters, i.e. pressure, temperature and time, on the deformation behavior and 
evolution of microstructure of the matrix [18-21] as well as on the damage of the fibers in 
IMCs, have been subjects of recent investigations [22-24]. Generally, a higher temperature 
and/or higher pressure are helpful for elimination of voids, but at the same time have a higher 
potential for fiber damage. Hence, an optimizing strategy has to be developed. 
After hot pressing at elevated temperatures, complex thermal residual stresses (TRSs) will 
build up in the IMCs owing to different coefficients of thermal expansion (CTEs) of fiber and 
matrix [25-30], which will markedly influence the interfacial properties and the debonding 
Diffusion bonding 
(~ 1573 K) 
          MCF 
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Al2O3 fiber
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ø=125 µm 
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behavior and subsequently the mechanical performance of IMCs at RT and elevated 
temperatures, e.g. sapphire fiber reinforced NiAl composites [18]. To modify the interfacial 
structure and to reduce the TRS an intermediate BN layer was introduced into the interface to 
obtain a moderate interface strength in NiAl composites and to get a suitable compromise 
between strength and toughness of the composite [18]. 
1.2 Overview of this work 
The objective of the present work is to develop continuous single crystal Al2O3 fiber 
reinforced NiAl matrix composites that will be utilized as the core material of gas turbine 
blades. In this study, a diffusion bonding model was developed in order to quantify the 
respective contributions to densification from different mechanisms during the consolidation 
process of NiAl matrix coated Al2O3 fibers (MCFs). Based on the model, the consolidation 
kinetics of NiAl composites during hot pressing was simulated to determine the optimal hot 
pressing parameters for the fabrication of NiAl composites. To study the influence of a BN 
interlayer on the properties of interface and composite, the TRS distribution in the NiAl 
composites with/without a BN interlayer after diffusion bonding was simulated by using the 
finite element method (FEM). A fiber push-out test was employed to measure the fiber-matrix 
interface stress for complete interfacial debonding. FEM simulations of the push-out test were 
performed to extract the intrinsic interfacial strength of NiAl composites with/without a BN 
interlayer. 
The dissertation is organized in the follows way: in Chapter 2, a general introduction of 
theoretical background will be presented, e.g. matrix and fiber of NiAl composites will be 
introduced. Moreover, the interfacial cohesion and the interfacial strength of long fiber-
reinforced composites will be addressed. An analytical model [28] for the evolution of the 
thermal residual stresses in the composite will be presented. 
In Chapter 3, the creep behavior of NiAl is investigated by conducting creep tests and 
dynamic tests of NiAl at elevated temperature in the range from 1473 K to 1673 K. The data 
are needed for diffusion bonding simulation. Emphasis was placed on extracting the primary 
creep behavior from creep curves and the steady state parameters from dynamic test flow 
curves. The experimental results were used as input data for diffusion bonding simulations. 
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Chapter 4 focuses on an analytical solution for the diffusion bonding process of NiAl 
matrix coated fibers (MCFs) that facilitate understanding of the diffusion bonding kinetics. 
The important issue is under what conditions specific densification mechanisms will dominate 
the diffusion bonding process. Based on the model a densification mechanism map for NiAl 
MCFs was constructed. It was utilized in order to find the optimal hot pressing parameters for 
the fabrication of NiAl composites. 
In Chapter 5, FEM simulations were used to calculate the consolidation process of NiAl 
composites during hot pressing in a temperature range of 1473 – 1673 K. The objective was 
to simulate the consolidation kinetics of NiAl composites during hot pressing to find the 
optimal hot pressing parameters, i.e temperature, compressive stress, holding time etc., for the 
experimental fabrication of NiAl composites. The simulation results are compared with 
experiments. 
Due to the thermal expansion mismatch between NiAl matrix and sapphire fiber, a 
thermal residual stress (TRS) will build up in NiAl composites during cooling down after 
fabrication at high temperatures. In Chapter 6, the TRS distribution in NiAl composites 
with/without BN-interlayer after diffusion bonding is simulated by using FEM. The 
simulation results are compared to the measurement of TRS in NiAl composites by using 
nano-indentation. The high compressive TRS in the fiber, results in fiber cracking and 
strength degradation. FEM simulation recommends a high fiber volume fraction to mitigate 
the fiber damage. 
Chapter 7 focuses on developing a numerical (FEM) solution that can be used to 
calculate the intrinsic interfacial shear strength from push-out test results. More importantly, 
based on this numerical model the push-out behavior of NiAl composites at elevated 
temperature can be simulated. 
Finally, Chapter 8 contains a summary and draws conclusions that are based on the 
experiments and simulation described in the previous chapters. 
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The commercial finite element code ABAQUS (Hibbitt, Karlsson, & Sorenson, Inc.) [31] 
was used for the finite element simulation of the hot pressing process, the thermal residual 
stress and single fiber push-out tests. 
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2 Long Fiber-reinforced Composites 
2.1 Matrix-NiAl 
NiAl is a potential core material of gas turbine blades for the next generation gas turbines. 
Both the fabrication process and the service environment of such NiAl composite will involve 
high temperatures. Therefore, the creep behavior of NiAl at elevated temperatures is very 
important in this context. 
2.1.1 Creep theory 
 
In high temperature application, materials are typically subjected to a constant load, or 
constant stress which will cause plastic flow. This phenomenon is termed creep [32]. A 
tensile test at constant load is also called a static tensile test, in contrast to a dynamic tensile 
test which is conducted at constant strain rate. Practical creep experiments are typically 
performed at temperatures above 0.3 Tm, where Tm is the melting temperature. Generally, 
creep becomes of engineering significance at a homologous temperature greater than 0.5 Tm 
[33]. 
 
Creep between 0.3 Tm and 0.5 Tm is regarded as intermediate temperature creep, while 
creep above 0.5 Tm is considered as high temperature creep. The creep curve is a plot of strain 
versus time at a constant stress and temperature. The typical creep curve of crystalline 
materials in tension normally consists of three stages: transient or primary creep, secondary or 
steady state creep, and tertiary or accelerating creep, as shown in Fig. 2.1(a). 
 
Immediately upon loading, an instantaneous strain 0 is attained very rapidly. Even though 
the applied stress is below the yield stress, not all the instantaneous strain is elastic. Most of 
this strain is instantly recoverable upon the release of the load (elastic), while part is 
recoverable with time (anelastic) and the rest is unrecoverable (plastic). The instantaneous 
strain is important because it may contribute a considerable fraction of the allowable total 
strain [33]. 
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(a)                                                          (b) 
Fig. 2.1 (a) Schematic creep curve (t). (b) Schematic diagram of the creep rate as a function 
of time [32]. 
 
The stage I of creep, known as primary creep, represents a region of decreasing creep rate. 
Primary creep is a period of predominantly transient creep in which the creep resistance of the 
material increases due to its own deformation and the creep rate continuously decreases. The 
stage II of creep curve, known also as secondary creep, is a period of nearly constant creep 
rate which results from a balance between the competing processes of strain hardening and 
recovery. For this reason, secondary creep is usually referred to as steady state creep, where 
the strain increases linearly with time (Fig. 2.1(b)). The steady state creep rate strongly 
depends on deformation conditions, i.e., on the applied stress, on deformation temperature 
and on material, in particular on the diffusion coefficient and the stacking fault energy. In a 
phenomenological approach, the steady state creep rate can be expressed as a function of 
stress and temperature according to 
 
n
A 







	 s
.
                                                               (2.1) 
 
where 




 
RT
QA exp~ , n is the stress exponent, Q is the activation energy for creep 
deformation, R is the gas constant, and T is the absolute temperature. The mechanism of creep 
is associated with self diffusion, because the activation energy for creep is found to be the 
same as the activation energy for self-diffusion. Finally, the creep rate increases again in the 
range of tertiary creep, stage III, until creep fracture occurs. Tertiary creep mainly occurs in 
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constant tensile load creep tests at high stresses and high temperatures. It occurs when there is 
an effective reduction in cross-sectional area either because of necking or internal void 
formation. Third stage creep is often associated with metallurgical changes such as coarsening 
of precipitate particles, recrystallization, or diffusional changes in the phases that are present. 
2.1.2 Creep behavior of NiAl 
 
NiAl is a strongly ordered intermetallic compound with cubic B2 long-range ordered 
crystal structure (CsCl type), which possesses a low density, a high melting point, and good 
oxidation resistance (Fig. 2.2) [4]. These properties make it an attractive candidate material 
for high temperature structural applications. However, its low high-temperature strength and 
the insufficient low-temperature toughness (low-T embrittlement) are drawbacks that prevent 
its applications. This problem can be mitigated by reinforcing NiAl with continuous fibers. 
 
 
Fig. 2.2 Crystal structure of NiAl. 
 
During the consolidation process of NiAl composites at high temperatures, acceptable 
process parameters are necessary for fabrication of fully dense and void free composites with 
tolerable fiber damage as well as minimal chemical reactions between fiber and matrix in 
order to prevent the formation of harmful reaction products in the interface. Optimum 
processing requires a good knowledge of the creep behavior of NiAl matrix and thus, of the 
mechanisms that control creep at high temperatures and high stresses [4, 7, 14, 34]. 
Surprisingly, despite extensive research on intermetallics in the past 20 years, only little 
information on the creep behavior under these particular conditions is available in the 
literature [3, 35]. Therefore, for modeling of the consolidation process of NiAl composites the 
creep behavior of NiAl was investigated at high temperatures (> 1400 K) and under high 
applied stresses (> 10 MPa).  
Ni atom 
Al atom 
<111>
<110>
<100>
10 Chapter 2  
  
 
Although NiAl may disorder at elevated temperatures, it was demonstrated that NiAl 
retains the B2 crystal structure in the temperature regime from 1073 K to 1748 K which is 
still far below its melting point of 1911 K [35]. It was also reported that in the high-
temperature range NiAl specimens tested at constant deformation rate and constant 
temperature showed no significant work hardening up to a strain of 15 %. The activation 
energy for steady state creep was found to be constant and independent of stress in the high-
temperature range. Experimental data [35] rendered a stress exponent n of 3.3 – 3.6 which 
suggest that creep is dominated by diffusion controlled dislocation climb [3, 36-37]. 
 
However, all these data were obtained at low stresses. Moreover, only steady state creep 
behavior was investigated. To correctly account for creep deformation, also transient creep 
must be considered. Andrade [38-39] reported that the transient creep strain obeys the time 
dependence: 
 
mbtt  0)(                                                           (2.2) 
 
where is the instantaneous strain and m, b are variable parameters. Andrade concluded that 
the time exponent m was 1/3 for most metals (and indeed this often proves to be the case), but 
others [40-42] found that m can change with temperature, and an average value m   0.53 
gave the best fit to molybdenum data. At high temperatures b is proportional to the steady-
state creep rate. 
2.2 Fiber-single crystalline Al2O3 fiber 
 
Sapphire filaments are single crystalline  - Al2O3 fibers. They were firstly produced in 
1967 by Tyco and became one of the most important industrial ceramics [43]. Al2O3 
possesses a rhombohedral (space group 3R C , a = 0.512 nm,  = 55°17’) crystal structure [44]. 
Its crystal has oxide ions very nearly in hexagonal closest packing with aluminum ions tucked 
into the octahedral interstices of the oxygen framework. Al2O3 can deform plastically at high 
temperature in conventional mechanical tests or at low temperature under hydrostatic pressure 
[45-46]. Plastic deformation was also observed in Al2O3 abraded or scratched by diamond at 
room temperature [47]. Similar to other metals wit hexagonal structure such as zinc, twinning 
is an important deformation mechanism in Al2O3. 
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Fig. 2.3 Compressive strength of sapphire fiber measured along the c-axis of the crystal [48]. 
 
The decrease in the mechanical strength of sapphire with increasing temperature is 
unusually rapid [49-52], in comparison to that in most ceramic materials. Schmid et al [48] 
studied tensile and compressive strength of sapphire by using flexure, tensile and compressive 
tests. They found that the compressive strength of sapphire decreases most rapidly to its 
lowest value at the temperature range 300 – 873 K as the temperature increases when the c-
axis of sapphire is parallel to the compressive axis (Fig. 2.3), falling to 2 % of the room 
temperature compressive strength at 1073 K. When the c-axis is in compression at a 
temperature of  773 K, the failure mechanism has a tendency to change from brittle failure to 
c-axis compressive failure, because of twinning. The intersection of the twins on different 
rhombohedral crystal planes results in uncoordinated displacement of atoms and causes 
cracks. Tension along the c-axis does not cause twinning, because the length of the crystal in 
the c-direction decreases during rhombohedral twinning. 
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2.3 Interfaces in composites 
 
In fiber-reinforced composites, both fiber and matrix retain their physical and chemical 
identities, yet they produce a combination of mechanical properties that cannot be achieved 
with either of the constituents acting alone, due to the presence of an interface between these 
two constituents. A classical definition of the interface in fiber-reinforced composites is: an 
interface is a surface formed by the common boundary of reinforcing fiber and matrix in 
contact which constitutes the bond in-between for transfer of loads [53]. It has physical and 
mechanical properties which are unique and different from those of the fiber and the matrix. 
 
To control the interface that can provide the composite with improved mechanical 
performance and structural integrity, it is essential to understand the mechanisms of adhesion 
which are specific to each fiber-matrix system and the mechanics of load transfer at the 
interface. A review of the micro-failure mechanisms and their associated theories of fracture 
toughness of fiber composites show that a high bound strength does not usually lead to high 
fracture toughness [54-56]. A compromise between the strength and toughness always has to 
be made in the interface bonding to optimize the properties of the composites. 
2.3.1 Theories of interface adhesion [57] 
 
In fiber-reinforced composites, the atomic arrangement and chemical properties of the 
fiber as well as on the molecular conformation and chemical constitution of the matrix and 
diffusivity of elements in each constituent play control the nature of the bonding in the 
interface, as while the interface is specific to each fiber-matrix system. The interface adhesion 
can be attributed to the mechanisms described below which can occur at the interface region 
either in isolation, or most likely, in combination to produce the final bonding of interface. 
Adsorption and Wetting 
 
At high temperatures, especially by using molten metals, wetting of the fibers by the 
matrix during fabrication processes of composites is very important. In this case, interface 
bonding involves short-range interactions of electrons on an atomic scale, which only develop 
when the atoms of the constituents approach within a few atom diameters of each other. It can 
be expressed in terms of the thermodynamic work of adhesion Wa which represents a physical 
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bonding resulting from highly localized intermolecular dispersion forces between different 
phases: 
 
a SV LV SLW                                                                (2.3) 
 
where SV , LV  and SL  are the surface energies of the solid-vapor, liquid-vapor and solid-
liquid interfaces, respectively. To obtain a proper wetting, the surface energy of the fiber ( SV ) 
should be greater than that of the matrix ( LV ). 
Interdiffusion
 
In composites, a bond between the surfaces of matrix and fiber may also be formed by 
interdiffusion of atoms or molecules across the interface. In metal matrix composites (MMCs), 
interdiffusion can also take place with proper reaction between elements of each constituent. 
However, interdiffusion may not always be beneficial because undesirable compounds are 
often formed, particularly when the oxide films present on the fibers are completely disrupted 
under extremely high temperature and pressure in a solid state process [53, 58]. To prevent or 
reduce the interaction it is necessary to apply an effective diffusion barrier in the form of a 
coating on the fiber. 
Electrostatic Attraction 
 
A force of attraction bonding in composites may be contributed by a difference in 
electrostatic charge between matrix and fiber. The interfacial strength will depend on the 
charge density. Although this attraction is unlikely to make a major contribution to the final 
bonding strength of the interface it could be important in some cases, e.g., if the fiber surface 
is treated with acidic or neutral reinforcements like glass and alumina [59]. 
Chemical Bonding or Reaction Bonding 
 
The chemical bonding theory is the traditional and best known of all bonding theories. A 
chemical bonding or reaction bonding is formed in the interface between the fiber surface and 
a compatible matrix and the bonding strength depends on the number and type of reaction 
products, the formation of which are usually thermally activated chemical reaction. A 
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chemical reaction at the interface is of particular interest for polymer matrix composites 
because it offers the major explanation for the use of coupling agents on glass fibers and 
probably the surface oxidative treatments on carbon fibers for application with most 
thermoset and amorphous thermoplastic matrices [57]. 
In other than polymer matrix composites, chemical reaction between fiber and matrix 
takes place in different ways. In metal matrix composites, chemical reaction occurs and forms 
new compounds at the interface region, particularly those manufactured in a molten metal 
infiltration process or at high fabrication temperature [18]. Reaction involves transfer of 
atoms from one or both of the constituents to the reaction site near the interface and these 
transfer processes are diffusion controlled. Special cases of the reaction bond include the 
exchange reaction bond and the oxide bond. The reaction bond makes a major contribution to 
the final bond strength of the interface for some metal matrix composites, depending on the 
fiber-matrix combination and the processing conditions. Generally, chemical reaction hardly 
occurs between fiber/whisker and matrix in most ceramic matrix composites. However, an 
extremely thin amorphous film can be formed by incorporation by matrix with remaining 
moisture of residual gas at the initial stage of the fabrication process [18, 60] or due to the 
limited fiber-matrix reaction [61]. 
 
Mechanical Bonding 
 
Mechanical bonds are significant by mechanical interlocking at the surface depending on 
the degree of roughness [62-67]. In addition to the simple geometrical aspects of mechanical 
bonding, there are many internal or residual stresses in composite materials which develop 
during fabrication processes at high temperature due to matrix shrinkage and different thermal 
expansion between fiber and matrix. Among these stresses, the residual clamping stress on the 
fiber provides a major bonding at the interface of many ceramic matrix composites which 
plays a definite role in controlling the fracture resistance of these materials. 
 
In addition to the major mechanisms described above, hydrogen bonding, van der Waals 
forces and other low energy forces may also be involved. 
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2.3.2 Interface related fracture toughness theories 
 
The efficient improvement of properties of advanced fiber composites in engineering 
applications requires a basic understanding of the fracture process, e.g, crack initiation and 
propagation to final failure. When a composite containing a primary defect or crack is loaded, 
there is a highly strained region at the crack tip where various kinds of failure mechanisms 
will take place before the crack grows. They maybe contain following mechanisms [57]: 
matrix fracture, fiber-matrix interface debonding, post-debonding friction, fiber fracture, 
stress redistribution, fiber pull-out, etc. In conjunction with these mechanisms, fiber bridging, 
crack deflection and microcracking also take place depending on the strength of the 
constituents relative to that of the interface. All these micro-failure mechanisms in principle 
apply to most composites reinforced with short and continuous fibers in polymer, ceramic, 
metal and cement matrices, but the extent to which and how they occur will be different for 
different fiber-matrix system. Many fracture toughness theories of fiber composites have to-
date been concerned with unidirectional fibers. Characterization of the various origins of 
fracture toughness in these composites may be obtained from a consideration of the sequence 
of microscopic fracture events that lead to the propagation of a macroscopic crack under 
monotonic increasing loads, as shown in Fig. 2.4 [68]. 
 
 
(a)                     (b)                    (c)                    (d)                    (e) 
Fig. 2.4 Model of microscopic fracture events in a simple composite subjected to a monotonic 
tension. (a) fiber is gripped by matrix in uncracked composite (b) matrix crack is halted by 
fiber (c) interfacial shear and lateral contraction of fiber result in debonding and crack 
deflection along the interface (d) further debonding, fiber failure at a weak point, and further 
extension of the crack (e) broken fiber end is pulled out against frictional resistance of 
interface, leading to total separation [68]. 
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2.3.3 Toughening methods with controlled interface 
 
A number of experimental ways have been developed to improve the total fracture 
toughness of fiber composites without impairing other mechanical properties [57]. There are 
two major approaches: one relies on the improvement of the intrinsic properties of composite 
constituents and the other depends on suitable fiber-matrix interface controls. The first 
approach includes the use of toughened matrices, fiber hybrids and large diameter fibers. 
However, they do not improve the transverse fracture toughness perpendicular to the fiber 
direction unless the fiber volume fraction Vf is small and the matrix toughness is a major 
source of the total toughness of the composite [69]. The second approach is more popular to 
be used and includes fiber coating, intermittent bonding concept, delamination arrestor and 
promoter [70-80]. 
Fiber Coating Technique 
 
A strong interface favored a brittle fracture mode with relatively low energy absorption, 
but a weak interface favored a multiple shear mode with high energy absorption [81]. Many 
research work [70-73] on fiber coatings show that fiber coatings are effective in improving 
the fracture toughness. However, the selection of an appropriate coating material for a given 
composites requires a basic understanding of the interface toughness. Though no rules are 
established, some general principles may be useful about the conditions which determine a 
suitable coating for improving the total toughness of a composite with little loss of strength. (a) 
a high viscosity coating is preferred if the coating remains fluidic or rubbery because  it can 
increase the frictional shear work when the fibers are being pulled out. (b) the coating that 
becomes a rigid interlayer after fabrication should be more ductile and compliant than the 
matrix and should provide a weak bonding at the interface while retaining sufficiently high 
frictional bonding. (c) the coating should be thin compared to the fiber diameter to eliminated 
any reductions of composite strength and modulus. (d) the coating should form and remain in 
a discrete layer at the interface without reaction with the composite constituents [71]. 
However, a certain degree of chemical reaction between the coating and matrix may increase 
the frictional shear stress [72]. 
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Intermittent Bonding Concept 
 
The earliest work of intermittent fiber bonding method [75] found that coatings on boron 
fibers were effective in isolating fiber fracture by causing debonding at the interface 
immediately adjacent to the failure site. The corn-cob shape surface of the fiber causes non-
uniform application of coatings on the fiber with a resulting pattern of intermittently coated 
and uncoated regions. This condition provides bonding in the low spots, while high points are 
shielded from the matrix by the coating which inhibits a continuous and sudden crack growth 
at the interface. 
 
Fig. 2.5 Crack propagates preferentially linking the coated fiber regions of low interfacial 
bond strength [76]. 
 
A further intermittent bonding concept was developed by Atkins [76] that there were 
enough regions of high interfacial shear stress to ensure that the rule of mixture strength was 
picked up; the rest of the composite could have quite weak interfacial bonds which are able to 
blunt the crack propagation according to the Cook-Gordon debonding mechanism [74]. If a 
composite is laid up randomly with respect to weak and strong regions (Fig. 2.5) both high 
strength and high toughness should be simultaneously obtained.  
Delamination Promotor and Arrestor 
 
The energy absorption of a laminate composite during fracture can be increased by 
promoting controlled delamination when the interlaminar bond strength is weakened. The 
mechanism is given in refs. [77-78], and depends on the orientation of the interface relative to 
the running crack, the triaxial tension operative at a crack tip causes the crack to be arrested 
High strength region 
Low strength region 
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by delamination thus reducing the stress concentration as envisaged from the Cook-Gordon 
mechanism [74]. Though the delamination promoter is quite effective in improving the 
transverse fracture toughness of laminated composites, care must be taken in applying it to 
composites for which delamination is a critical life-limiting failure model. Excessive 
delamination growth may cause unacceptable reduction in the composite stiffness and restrict 
the mechanical performance and structural integrity of the composite. 
 
Different from the aim of delamination promoter at increasing the transverse fracture 
toughness through extra energy absorption at the interface, the delamination arrestor is 
intended to improve the interlaminar fracture toughness by suppressing delamination growth 
so that they should have high ductility and low modulus to help to reduce the interlaminar 
stresses. It improves the interlaminar fracture toughness for the propagation of delamination 
cracks through a tough strip interleaved between plies, an adhesive layer having low modulus 
and high elongation at delamination-prone free edges [79] or stitching fibers and addition of 
whiskers through the thickness of laminates [80].  
 
A common requirement for both methods to work is that the modifying layer must be thin 
enough so that it does not affect the inplane strength and stiffness. 
2.3.4 Single-fiber push-out test and interface model 
2.3.4.1 Single-fiber push-out test 
 
Although many experimental techniques have been devised to assess the interfacial 
properties in fiber composites, the single fiber push-out test is currently one of the most 
commonly used methods to obtain interface properties of long fiber-reinforced composites 
[82-86]. The test involves pushing a single fiber out of a thin slice of composite while 
measuring applied force and push-out displacement. The force/displacement curve recorded 
during push-out experiment is later related to interfacial toughness, thermal residual stresses 
and the friction between fiber and matrix by fitting the data to a numerical analysis. 
 
During a push-out test of composite samples, when a crack propagates in a direction 
perpendicular to that of the reinforcing fibers, the failure process is quite complex and 
typically involves matrix cracking, fiber/matrix debonding, fiber pullout and fiber breakage. 
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Of these four failure mechanisms, the fiber/matrix debonding and the frictional fiber pullout 
are generally considered as the most important source of energy dissipation and have 
therefore been the focus of the majority of research efforts dedicated to that topic. 
 
 
Fig. 2.6 Schematic of push-out tests. 
 
To better characterize the failure process of interface, fiber push-out tests are conducted 
on a model composite (Fig. 2.6) [95]. In the tests, the fiber is slowly pushed out of the 
surrounding matrix. The critical interface parameters, such as the fracture toughness and the 
coefficient of friction, are then extracted from the evolution of the load applied on the fiber (P) 
and the resulting displacement of the push-out tool (Ld), and from observations of the 
propagation of the debonding front. 
 
Matrix (EBmB, BmB)
Fiber (EBfB, BfB)
rBf
rBs
rBc
2L
r
z
P
LBc
LBd
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Fig. 2.7 Typical load-displacement curve obtained in a push-out test. 
 
A typical force-displacement curve obtained for a push-out test is shown in Fig. 2.7. After 
an initial stage in which the specimen settles on its support, a linear response corresponding to 
perfect fiber/matrix bonding is measured (stage 1). Then, as the load increases, a crack 
initiates from the top/bottom (it depends on the material) of the specimen and starts to 
propagate along the interface, leading to a non-linear force/displacement relation (stage 2) (for 
brittle material, stage 2 should be very short). The debonding process is initially stable; 
however, as the crack length reaches a critical value, the failure process becomes unstable and 
leads to a sudden complete debonding of the fiber from the matrix. This instability is followed 
by the frictional sliding of the fiber out of the surrounding matrix (stage 3). The average 
interfacial shear stress (ISS) for interfacial complete debonding is evaluated from the 
relationship 
 
max
average 2
P
dL



                                                                  (2.4) 
 
where Pmax is the applied push-out load, d is the diameter of the fiber and 2L is the thickness 
of the specimen. 
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The objective of push-out tests for characterizing the interface is to extract quantitative as 
well as some qualitative information about the interface properties. The shear stress 
average 
obtained from the push-out test is an average value, and the intrinsic interfacial shear strength 
which is a property of the interface (a material property), can be very different from this 
average value. The mismatch in the thermal expansion of matrix and fiber creates high level 
thermal residual shear stress at the interface that will influence the push-out test results 
considerably. 
 
The above factors make it clear that extracting quantitative measurements of interface 
properties of composites from push-out tests is not trivial. Therefore, it becomes necessary to 
model the push-out process using either analytical or numerical methods to understand the 
influence of different variables. In recent years there have been several efforts to analyze fiber 
pull-out/push-in with the inclusion of interface friction in the wake of debonding of a 
chemically bonded interface. The models can be classified as shear-lag-based models [62, 82-
85], theory of elasticity (stress or displacement function) based models [97-98], and 
variational methods, with varying capability to consider different boundary conditions along 
the interface [86-96]. 
2.3.4.2 Interface models 
Shear-lag model 
 
A shear-lag analysis determines the stresses along perfectly bonded or frictional interface 
zones [82-85]. Respective models use approximate stress solutions at the interface, and when 
multiple interface zones are considered, incomplete sets of traction and displacement 
boundary conditions are typically imposed between the zones. Shear-lag models involve the 
following assumptions: the axial load acting on the fiber is transmitted to the matrix solely 
through shear stresses acting on the interface; the surface or end effects are neglected; the 
compressive (residual) radial stress is assumed to be uniform; and the debonding front 
initiates from the top of the sample, not from the bottom. Although somewhat restricted by 
these assumptions, this analytical model of the fiber push-out tests has the major advantage of 
providing a closed-form solution of the problem, allowing a quick characterization of the 
effects of the many parameters entering the problem such as the fiber length and radius, the 
22 Chapter 2  
  
process-induced residual stress, the friction coefficient and the fiber/matrix modulus 
mismatch. Theory of elasticity generally imposes more displacement and traction continuity 
conditions (ignoring discontinuities due to singular stress fields) between the zones. However, 
in these solutions the character of the interface is assumed a priori, although the length of the 
zones is derived from the analysis.  
Axisymmetric damage model [92] 
 
The axisymmetric damage model (ADM) was developed in order to examine the stress 
and displacement fields in the vicinity of matrix cracks approaching a frictionally constrained 
interface in the form of axisymmetric concentric cylinders. In the model, the damaged regions 
are modeled either as annular or penny-shaped cracks in the constituents and/or debonds of 
constant length between them. The model is generated by subdividing the body into regions 
consisting of a core and a number of shells of constant thickness and length and satisfying the 
Reissner variational equation [99] with an assumed stress field in each region. 
Cohesive zone model [87-88, 96] 
 
The cohesive zone model (CZM) has been used in the past to study crack tip plasticity and 
creep under static and fatigue loading conditions, crazing in polymers, adhesively bonded 
joints, interface cracks in bimaterials, and crack bridging due to fibers and ductile particles in 
composites. Interface modeling using CZM has the distinct advantage compared to other 
global approaches (e.g. shear lag model), in that it is based on a micro-mechanical approach. 
In CZMs, the traction-separation relations for the interfaces are such that with increasing 
interfacial separation, the traction across the interface reaches a maximum, then decreases and 
eventually vanishes permitting a complete decohesion. 
 
2.3.4.3 Basic fracture modes 
 
There are generally three modes of loading, which involve different crack surface 
displacements (see Fig. 2.8). The three modes are [100] : mode I – opening or tensile mode 
(the crack faces are pulled apart), mode II – sliding or in-plane shear (the crack surfaces slide 
over each other), and mode III – tearing or anti-plane shear (the crack surfaces move parallel 
to the leading edge of the crack and relative to each other) 
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Fig. 2.8 Modes of fracture loading: (a) Mode I (opening), (b) mode II (forward shear), (c) 
mode III (tearing). 
2.4 Thermal residual stress (TRS) in a single fiber model [28] 
 
Due to the thermal expansion mismatch of fiber and matrix, a thermal residual stress will 
build up in a NiAl composite after cooling down from the hot pressing temperature. A simple 
two-element single fiber model of the composite, shown in Fig. 2.9, can be used to conduct a 
thermo-elastic analysis. It consists of a single fiber uncoated or coated with interlayer and 
then embedded in the NiAl matrix. The temperature is assumed to be uniform in the entire 
assembly. This hypothesis reasonably reflects the composite fabrication where the cooling 
after hot pressing was slow (20 K min-1) and thus, temperature distribution can be considered 
as homogeneous. The interface is assumed as a continuous medium owing to perfect 
coherence after diffusion bonding [25, 28]. 
 
 Because of the cylindrical symmetry of the composite element, a cylindrical coordinate 
system (r,, z) is adopted (Fig. 2.9), where 2L is the length and rf and rm are the radius of the 
uncoated and coated fiber, respectively. Additionally, the temperature drop T in Kelvin, 
Young’s modulus E, the CTE  and the Poisson ratio  are associated with this set-up (Shiue–
Lin–model [28]). 
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Fig. 2.9 Geometry and coordinate system of the composite element. 
 
The boundary conditions are described as follows: 
1. Tractions are assumed continuous at the fiber–matrix interface: 
f m
rr rr	 	     and    
f m
rz rz
 
  
2. Displacement components (u is along r direction and w is along z direction) are 
assumed continuous at the interface: 
f mu u     and    f mw w  
3. The external surface of the matrix cylinder is free. 
 
The shear stress 
(z), radial stress p(z) and the axial force Paxial(z) can be represented as 
follows: 
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The radial stress 	rr, hoop stress 	 and axial stress 	zz can be represented from Lame’ 
formulas [101] as 
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The shear stress at the interface 
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The shear stress at the interface 
 is a function with respect to the axial coordinate z. It is 
zero at the middle of the fiber (z = 0), and the maximal value at the end of the fiber (z = ± L). 
Inversely, the radial stress 	rr, hoop stress 	 and axial stress 	zz are zero at the end of the 
fiber (z = ± L), and the maximum values at the end of the fiber (z = 0). 
3 High Temperature Creep Behavior of NiAl 
 
 
In this chapter, results of creep tests and dynamic tests of NiAl are reported. The tests 
were conducted to obtain the primary creep behavior and the steady state creep parameters of 
NiAl which will be used as the basic data for consolidation simulation of NiAl matrix coated 
Al2O3 fibers (MCFs). 
 
3.1 Experimental procedure 
 
Fig. 3.1 Creep tests machine – SCHENCK. 
 
Cylindrical specimens of 5 mm diameter and 7.72 mm long were prepared by electro-
discharge machining of an as-cast binary, single phase NiAl intermetallic compound with a 
composition of Ni-48.9 at.% Al. The properties under compressive strain were measured at 
1473 K, 1573 K and 1673 K with a SCHENCK servohydraulic mechanical testing machine in 
a vacuum of 5×10-3 Pa (Fig. 3.1). Two different procedures were applied. Dynamic tests were 
conducted with a constant strain rate at a strain rate range 10-5  
.
   10-2 s-1. In addition, 
creep tests with constant engineering compressive stress 10  	 80 MPa were performed. 
28 Chapter 3  
Ceramic spacers were inserted between the sample and the push rods of the machine to avoid 
sintering, and the contact surfaces were lubricated by BN powder to reduce friction. The 
automatically recorded data (load, displacement measured by an extensometer, and time) were 
converted to true compressive stress, strain and strain rate. 
 
3.2 Results 
3.2.1 Dynamic tests 
To obtain the steady state creep parameters dynamic tests at 1473 K, 1573 K and 1673 K 
were performed instead of creep tests, because it is experimentally difficult to capture the 
steady-state regime at high strains. The difference between the two kinds of tests vanishes in 
the approach to steady state, and in first order, steady state behavior ought to be the same in 
creep tests and dynamic tests. Typical true stress-strain curves of NiAl for different strain 
rates and temperatures are presented in Fig. 3.2. Obviously the steady state regime is attained 
after some strain since the true compressive stress becomes constant after a short work 
hardening stage. At a given temperature, the stress increases with rising strain rate 
.
 . 
 
The stress-strain rate data in steady state (Fig. 3.3) were fitted by a numerical linear 
regression analysis to the standard power-law  
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where A is a constant, n is the stress exponent,  is the shear modulus. 
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Fig. 3.2 True compressive stress-strain curves for NiAl dynamic tests. 
 
Fig. 3.3 True compressive stress vs. strain rate for NiAl dynamic tests (solid symbols) and 
creep tests (open symbols) at different temperatures. 
 
The activation energy for creep can be obtained from the experimental steady state data 
according to the relation [102].  
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where B is a constant, n is the stress exponent, Q is the activation energy for creep 
deformation, R is the gas constant, and T is the absolute temperature. Q can be determined 
from an Arrhenius plot, as shown in Fig. 3.4. Taking the measured stress exponent of n = 3.5, 
one can calculate the true activation energy for creep from the slope of the Arrhenius plot. 
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Fig. 3.4 Arrhenius plot of the true compressive stress for dynamic tests (solid symbols) and 
the true compressive strain rate for creep tests (open symbols). 
 
The results are given in Table 3.1, which show that the stress exponent and average 
activation energy for NiAl at high temperatures are n = 3.5 ± 0.06 and Q   398 kJ mol-1, 
respectively. 
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Table 3.1 Power law fit (Eq. 3.1) of true compressive steady state flow stress (in MPa)-strain 
rate data for NiAl 
 
True compressive strain rate (s-1) 
 
1.5×10-4 1×10-3 1×10-2 
Creep 
constant A 
Stress  
exponent n 
1473 K 24.34 41.62 64.69 9.35×107 3.54 
1573 K 11.95 21.02 38.99 1.23×109 3.56 
1673 K 7.34 12.82 24.92 2.07×109 3.44 
Activation energy Q
(kJ mol-1) 
430 423 343   
 
3.2.2 Creep tests 
 
Fig. 3.5 Creep curves of NiAl at different temperatures and stresses. 
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 Fig. 3.6 Creep rate vs. time of creep tests for different strains and temperatures (Recalculated, 
see text). 
 
In creep tests, the creep strain as function of time for different stresses and different 
temperatures was recorded (Fig. 3.5). In creep tests under constant load, the change of the true 
stress could not be ignored because the specimen cross section noticeably changed at high 
applied stress. Nevertheless, the variation of the development of the creep rate with time was 
determined, as shown in Fig. 3.6. To take the strain rate change during creep into account, we 
recalculated the creep rate for a constant stress, the initial stress, from Eq. 3.1 and the 
parameters obtained from steady state deformation data in dynamic tests. The creep rate 
decreases dramatically with increasing time and eventually approaches a constant value, the 
steady state creep rate. The later is in good agreement with the data from dynamic tests, as 
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shown in Fig. 3.3. From creep tests at 40 MPa, an activation energy of steady state creep of 
335 kJ mol-1 was derived, as shown in Fig. 3.4. 
 
The creep behavior prior to the steady state creep was fitted to Eq. 2.2 to yield the 
instantaneous strain and the time exponent m. The evaluation of Eq. 2.2 is difficult because 
the determination of  is relatively inaccurate. Since the instantaneous creep strain is only 
the results of an initial high strain rate deformation, we considered the entire initial creep 
behavior as primary creep, and was set to zero. A plot of the log true strain vs. log time is 
then independent of . The results of the numerical fit are presented in Tab. 3.2. 
 
Table 3.2 Andrade primary creep law (True compressive strain vs. time data) of primary 
creep for NiAl (Eq. 2.2) 
 
 b m 
1473 K / 40 MPa 0.00622 0.6837 
1573 K / 40 MPa 0.02577 0.5898 
1673 K / 40 MPa 0.0892 0.5246 
1573 K / 10 MPa 0.000486 0.7490 
 
3.3 Discussion 
 
The steady state creep characteristics including the stress exponent and activation energy 
for creep of NiAl obtained in this study can be compared with literature data [3, 35, 103-106]. 
In the temperature range 1000 – 1400K, the average value for the activation energy of NiAl 
creep reported in the literature is Q  314 kJ mol-1 [107-108] although at lower stresses. This 
activation energy corresponds to the activation energy determined for self-diffusion. The 
activation energy for the creep of near-stoichiometric NiAl was suggested to be a function of 
temperature and composition [35, 109], although other studies claimed that the change of the 
activation energy is independent of composition [103].  
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The majority of results in literature report a stress exponent of 5  n  7 in the range 1000 
– 1400 K. Above about 1500 K, a transition from n > 5 to n   3 was reported [4, 35] for 
stoichiometric and non-stoichiometric NiAl. In this study, the creep exponent in the 
temperature range 1473 – 1673 K was found to be n = 3.5 as typical for dislocation creep.  
 
The average activation energy of NiAl in the temperature range 1473 – 1673 K obtained in 
this study was Q   398 kJ mol-1. This value is reasonably close to the higher end of the range 
of activation energies in the temperature range 1000 – 1400 K given in literature [108, 110-
112]. However, the literature data also reveal a trend to higher activation energy with higher 
temperatures, which is in line with our observations. 
 
The primary creep data (Tab. 3.2) indicate that m decreases with increasing temperature, 
which is opposite to the trend reported in literature [40]. However, in literature data an 
instantaneous creep strain  > 0 was assumed and  was found to increase with rising 
temperature so that the initial parts of the higher temperature creep curves represented higher 
creep strains than the initial parts of the lower temperature creep curves. Hence, the reported 
increase of m with temperature was probably caused by a dependence of m on 1
3.4 Summary 
 
The compressive creep properties of an as-cast binary, single phase Ni-48.9 at.% Al 
intermetallic compound were investigated over the temperature range from 1473 K to 1673 K. 
 
The steady state creep rate of NiAl was fitted to the temperature compensated power-law 
expression )/exp(
.
RTQB n  	 . A stress exponent n 3.5 and an activation energy Q   
398 kJ mol-1 were derived. Since the activation energy is close to the activation energy of self 
diffusion, the activation parameters suggest that creep deformation proceeds by diffusion 
controlled dislocation climb. 
 
The transient creep behavior of NiAl at 40 MPa could be described by a power law 
equation mbt 0  with  = 0, 
5.3	2b , and 0.52 < m < 0.68. The value of m was found to 
decrease with increasing temperature. 
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The results will be utilized in the following simulation of diffusion bonding process in 
chapters 4 and 5. 
4 Diffusion Bonding Model of the Consolidation Process 
 
 
In this chapter, an analytical model for describing the consolidation process of NiAl 
matrix coated Al2O3 fibers (MCFs) during diffusion bonding is presented. Several 
densification mechanisms are considered for mass transport to quantify the diffusion bonding 
kinetics. A simple void geometry and its evolution during hot pressing are addressed. Also 
primary creep is accounted for in the model. The model is utilized to simulate the 
consolidation kinetics of NiAl composites during hot pressing to find the optimal hot pressing 
parameters for the fabrication of NiAl composites. 
 
4.1 Introduction 
Diffusion bonding is a process by which two nominally flat surfaces are joined at elevated 
temperatures under an external pressure [113]. Typically, the temperature ranges between 0.5 
and 0.8 Tm, where Tm is the absolute melting temperature of the bonded material. Various 
theoretical models were developed for describing cavity elimination during diffusion bonding. 
An early description of diffusion bonding by King [114] proposed three bonding stages: 
plastic deformation of asperities, removal of the majority of the voids, and the elimination of 
the remaining isolated voids. Hamilton [115] developed a model in which surface roughness 
was considered as a series of long ridges which collapsed by plastic deformation and thus, 
eliminated the voids between them. Garmong et al. [116] refined Hamilton’s ridge analysis by 
modeling a representative ridge as a series of horizontal slices and summing the response of 
each slice to the applied stress. The model included diffusion mechanisms for predicting the 
complete removal of surface roughness.  
 
Derby and Wallach [113, 117] were the first to develop a comprehensive quantitative 
model which included seven bonding mechanisms and corresponding mass transport rate 
equations. They obtained good agreement between model predictions and experimental 
results. Chen and Argon [118] addressed a simple theoretical approach with a coupled 
diffusive-power law creep model of creep cavity growth. Pilling et al. [119] further developed 
the Chen and Argon’s model by taking into account the effect of grain size that was 
substantially smaller than either the cavity size or the original surface roughness. Hence 
several grain boundaries were involved in the mass transfer to sinter a single cavity. It was 
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assumed that surface diffusion at high temperatures proceeded sufficiently rapidly to maintain 
a circular cross-section of the cavities. The two surfaces bond immediately on contact due to 
the very high contact stress until the combined areas become large enough to support the 
applied load. The holding time for bonding over a range of temperatures and pressures for Ti-
6Al-4V alloy was predicted very well by using this model. 
 
Guo et al. [120] employed an alternative geometry for defining the shape of the interfacial 
cavities. In order to simplify the model they introduced three sub-processes of bonding, i.e., 
volume and interfacial diffusion coupled with creep, rigid collapse, and surface diffusion. The 
effects of grain size and phase volume fraction on diffusion bonding were also considered. A 
good agreement between model predictions and experimental results was reported for 
diffusion bonding of Ti-6Al-4V alloy. 
 
Hill and Wallach [121] proposed a new model of diffusion bonding based on plastic 
deformation and diffusion with the assumption of elliptical voids. Also this model showed 
good consistency with experimental results. 
 
The above mentioned models were developed mainly for diffusion bonding between two 
pieces of bulk metallic or intermetallic materials. They are not suitable for describing the 
consolidation process of matrix coated fiber-reinforced metal matrix composites (MMCs) and 
Intermetallic matrix composites (IMCs) that are arranged in a hexagonal or square symmetry 
during hot pressing. For this reason Carmai et al. [16] extended the model of Pilling et al. 
[119] to develop a plane strain diffusion bonding model for matrix coated fiber-reinforced Ti-
6Al-4V composites. They found that the grain boundary diffusivity, initial surface roughness, 
and the grain size did not only affect the consolidation kinetics of the coated fibers but also 
the friction behavior at the interface between bulk matrix material and matrix coated fiber 
composites. The diffusion bonding between locally reinforced composites and a monolithic 
matrix were shown to lead to inhomogeneous consolidation. 
 
In the present study, a diffusion bonding model was developed based on the Derby and 
Wallach approach *113, 117+ in order to quantify the contribution of different mechanisms to 
densification during the consolidation process of NiAl matrix coated Al2O3 fibers (MCFs). 
The used fiber was a single crystalline Al2O3 fiber (sapphire) with a diameter of about 125 µm. 
The Derby and Wallach model considered bulk deformation caused by steady state power law 
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creep and plastic deformation. A primary creep contribution was not included although it 
made the dominant contribution to the consolidation process of NiAl-MCFs during diffusion 
bonding. The current study takes primary creep into account. The predictions of the model 
will be compared with hot pressing experiments of NiAl composites. 
 
4.2 Model description 
4.2.1 Geometry 
 
Fig. 4.1 Schematics of arrangement of MCFs. 
(a) 3D arrangement during hot pressing (b) 2D plane strain model of MCFs from the cross 
section of 3D arrangement. 
 
(a)
(b)
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Matrix Coating 
Void
Cross section 
MCF
Void
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Fig. 4.2 Change of geometry during the consolidation process. The bonding area is modelled 
as a small cell (shaded areas) due to symmetry. 
(a) stage 1, mechanisms 1,2,3,4,5,6; (b) stage 2, mechanisms 4,5,6. 
 
Due to the cylinder geometry of the MCFs with a large length/diameter ratio, a 2D plane 
strain model of the MCFs is sufficient to represent the fiber geometry during the consolidation 
process (Fig. 4.1). The void symmetry allows reducing the consideration of consolidation to a 
quarter of the void surface for mass transfer with adjacent necks (left and top of shaded area) 
(Fig. 4.2). The bonded area will grow due to mass transfer from the bonded interface or void 
surface and/or by bulk deformation of the surface region depending on the mass transport 
mechanisms. Therefore, the relationships between the rate of the bonded area change, the void 
shrinkage and the volume flux of mass transfer for diffusion and vapor transport are derived 
in the Appendix A, B, C and summarized in Table 4.1. 
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Table 4.1 Relationships between the rates of the bonded length change, the void shrinkage 
and the volume flux of mass transfers for diffusion and vapour transport mechanisms ( = 45°) 
(See Appendix A, B, C) 
 
Stage 1  
)(
3,2,1
3,2,1 rab
V
h



  (A6) 
)
2
2(
3,2,1
3,2,1 


r
hh
r

  (A7) 
3,2,13,2,1 ha    (A8) 
a
V
h 5,45,4

   (B4) 
)
2
2(
)( 5,4
5,4 



r
hhb
r

  (B5) 
5,45,4 ha    (B6) 
Stage 2  
a
V
h 5,45,4

   (C3) 
5,45,4 hr    (C4) 
5,45,4 ra    (C5) 
 
4.2.2 Mass transport mechanisms 
Seven mechanisms of mass transfer are considered during diffusion bonding in the current 
model (Fig. 4.3): 
1. Surface diffusion from surface sources to a neck; 
2. volume diffusion from surface sources to a neck; 
3. vapor phase transport from surface sources to a neck; 
4. grain boundary diffusion along the bonded interface from interfacial sources to a neck; 
5. volume diffusion along the bonded interface from interfacial sources to a neck; 
6. primary creep and steady state creep; 
7. instantaneous strain at the beginning of diffusion bonding. 
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Fig. 4.3 Schematics of bonding by means of seven different mechanisms of mass transfer. (a) 
surface source mechanisms; (b) boundary source mechanisms; (c) bulk deformation 
mechanisms. 
 
As the surfaces contact, long voids or channels are formed between the MCFs. These 
voids gradually shrink as bonding progresses until they attain a cylindrical shape through 
three stages: initial stage, stage 1 and stage 2. In the model the initial stage is defined by the 
instantaneous strain at the moment when the pressure is applied to the MCFs. It is followed 
6+7
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5
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by stage 1 where the voids shrink as diffusion bonding progresses until they reach a 
cylindrical shape. During stage 2 the cylindrical voids disappear. 
 
The seven mechanisms can be classified into three groups (Fig. 4.3). The instantaneous 
strain (mechanism 7) acts only during the initial stage and ceases when the interfacial bonding 
pressure becomes equal to the yield stress. This stage is succeeded by stage 1 (Fig. 4.2(a)) 
during which mechanisms 1-6 operate. For simplicity, it is assumed that the neck of the void 
touches the flat void surface tangentially and the neck angle  remains constant in stage 1. 
During stage 2 (Fig. 4.2(b)), the void is assumed to be cylindrical with a constant curvature 
and thus, there is no more driving force for surface source mechanisms. Therefore, only 
mechanisms 4-6 are still active in stage 2. Since the voids are very long compared to their 
diameter, end effects of the void are ignored.  
 
4.2.2.1 Diffusion and vapor transport (Mechanisms 1-5) 
In stage 1, mass is transferred by mechanisms 1-3 from surface sources (modeled as flat 
void surface in Fig. 4.2(a)) to the curved part of the void (neck). The driving force is the 
locally different chemical potential at the void surface. It varies with curvature as described 
by the Gibbs-Thompson relationship. With commencing stage 2, the void becomes cylindrical, 
i.e. the void neck radius equals to the radius of the void elsewhere and therefore, the volume 
flux for surface source mechanisms must be zero. In stage 1 the situation is essentially the 
same as that analysed by [122] for the sintering of parallel wires. Using his approach the 
volume flux is given by 
 
rrkT
ADV  2
                                                                (4.1) 
 
where D is a generalized diffusion coefficient and A is the area through which this flux occurs. 
 
For the two-dimensional case of surface diffusion in which the flux is restricted to a thin 
surface layer of thickness s, the equation describing the temporal volume flux in stage 1 for 
mechanism 1 (surface diffusion) can be derived from Eq. 4.1 
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For mechanism 2 (volume diffusion) it is assumed that the limiting area A in Eq. 4.1 
through which the flux occurs is equal to that of the neck 
 
rkT
D
V v2
2
       (4.3) 
 
The temporal volume flux in stage 1 for mechanism 3 (vapor phase transport) can be then 
expressed by the following equations [113] from the analysis of sintering [123]:  
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For mechanisms 4 and 5 (mass transfer by diffusion from interfacial sources to the neck in 
stage 1 and stage 2), the driving force is the chemical potential gradient along the interface 
boundary. This chemical potential will vary both with the applied stress P and the curvature 
1/r of the neck surface. Mass transfer by grain-boundary diffusion has already been 
considered for the cases of creep cavitations, sintering, and diffusion bonding, although in 
each of these previous cases the voids considered were spherical. 
 
By assuming a constant divergence of the flux along the grain boundary and an identical 
chemical potential gradient, the general equation of volume flux caused by grain boundary 
sources can be written based on the approach of Johnson for sintering [124] as follows [113], 
as explained in Appendix D. 
 
)(3
raa
Pb
akT
DAV                                                     (4.5) 
 
This general equation must be modified for grain boundary diffusion in which diffusion 
occurs only along a small thickness b/2, where b/2 is half of the grain boundary thickness. 
Thus, the equation for mechanism 4 (boundary diffusion) along the bond interface becomes 
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and for mechanism 5 (volume diffusion) the limiting area through which flux travels is 
assumed to be the same as that used previously when discussing volume diffusion from a 
surface source (mechanism 2), therefore the equation for volume diffusion from the grain 
boundary source becomes 
 
)(
3 V
5 raa
Pb
akT
rDV        (4.7) 
 
4.2.2.2 Plastic deformation (Mechanisms 6-7) 
Initial stage (Mechanism 7) 
The densification of MCFs involves various mechanisms controlled by plastic 
deformation owing to the applied pressure. In the initial stage of consolidation, the contact 
area between adjacent MCFs is very small so that the contact pressure is much larger than the 
yield strength of the matrix. This causes an instantaneous strain (high strain rate deformation) 
of the matrix and leads to a rapid increase of the contact area with increasing densification 
until the contact pressure drops to the yield strength. 
 
3
2 y
crit
	
	                                                              (4.8) 
 
In stage 1 the further plastic deformation is controlled by time-dependent plastic 
deformation (primary creep and steady state creep). In stage 2, only steady state creep still 
plays a role for plastic deformation. Thus, the total plastic strain can be expressed as follows: 
)( ps
0
p0
p
ttdt
t
 3        (4.9) 
where the subscripts p and s indicate primary creep and steady state creep, respectively. At 
time tp steady state creep is attained. 
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Stage 1 (Mechanism 6) 
In previous studies *16, 113-121+ only steady state creep was considered for the diffusion 
bonding process. The omission of primary creep was usually due to the lack of respective 
creep data. Our recent results [17] substantiated that the contribution of primary creep to the 
consolidation process of MCFs is relatively large compared with other mechanisms, 
especially at high temperatures and high compressive stresses. Therefore, in our model a 
decrease of the creep rate with time (primary creep) is accounted for. The creep data of NiAl 
at high temperatures and high compressive stresses are taken from the results in chapter 3. 
 
In stage 1, the creep rate from primary creep can be expressed by a power law as follows 
*113, 125+ 
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where Bp is the primary creep constant, n is the stress exponent, and m is the time exponent 
[126]. The creep rate from steady state creep is 
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where Ac is the steady state creep pre-exponential constant, n is the stress exponent.  
Stage 2 (Mechanism 6) 
In stage 2, the bonding development is modeled as the shrinkage of a cylindrical void of 
radius r under an applied pressure P by bulk deformation in steady state creep: 
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 (The difference in pressure between the interior and exterior radius of the expanding 
cylindrical region can be expressed as aPPP /i  , where aP /i  is initial internal 
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pressure. Under high vacuum the influence of P  on plastic deformation is small and can be 
neglected. Hence, for the plastic deformation mechanisms, the external applied pressure P 
was used as effective applied pressure.) 
4.3 Discussion 
Table 4.2 Material properties of NiAl (Ni-48.9 at.% Al) used in the model (Temperature T is 
in kelvin) 
 
Parameter Symbol Value Unit Ref. 
Lattice constant aNiAl 0.28870 nm 
Atomic volume  1.20×10-29 m3 
Shear modulus  76.6-0.017T GPa 
Surface energy((110) surface)  1.9 J m-2 
Density  5.96×103 kg m-3 
Vapor pressure Pv 5×10-3 Pa 
[3-4] 
Volume pre-exponential 
coefficient 
Dv0 4.8×10-5 m2 s-1 
Volume activation energy Qv 288.5 kJ mol-1 
[127] 
Surface pre-exponential 
coefficient 
Ds0 1.28×10-3 m2 s-1 
Surface activation energy Qs 168 kJ mol-1 
[128] 
Boundary pre-exponential 
coefficient  
bDb0 3.5×10-15 m3 s-1 
Boundary activation energy Qb 114.6 kJ mol-1 
[129] 
 
In order to prove the performance of the model it was applied to the consolidation process 
of NiAl coated Sapphire fibers during diffusion bonding. The creep behavior of NiAl in the 
temperature range from 1273 to 1673 K was experimentally determined in compression tests 
[126]. The other material data which were used in the simulation are listed in Table 4.2. The 
variables applied in the simulation were hot pressing temperature (T), external pressure (P), 
time (t), fiber volume fraction (Vf) and geometrical arrangement of the MCFs. 
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4.3.1 Influence of different mechanisms on the consolidation kinetics 
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Fig. 4.4 Densification kinetics by different mechanisms in stage 1 (1573 K / 40 MPa / 30%). 
 
The contributions of the different mechanisms to the consolidation kinetics in stage 1 are 
shown in Fig. 4.4. Accordingly, plastic deformation, in particular the primary creep, plays a 
dominant role for the consolidation of NiAl-MCFs during diffusion bonding. For example, 
during hot pressing at 1573 K with 40 MPa pressure with a fiber volume fraction of 30 %, the 
contribution of primary creep to the whole densification process is as high as 47 %. Plastic 
deformation remains dominant during hot pressing until a very high density is attained 
(relative density D  99.9 %) in the consolidated MCFs. Such density is equivalent to a very 
small void size (r  3 µm) which remained in the composite. After that the influence of plastic 
deformation degraded, whereas the contribution of the diffusion mechanisms increased 
remarkably. Obviously, the diffusion mechanisms played an important role only in the final 
stage of diffusion bonding for elimination of the remained small voids. 
 
The calculated consolidation kinetics of NiAl-coated Sapphire fibers with and without 
considering primary creep are shown in Fig. 4.5. It can be seen that the difference can be very 
large, if the instantaneous strain 0 is assumed to be equal for both cases. Since 0 is usually 
not measured it is frequently assumed to be zero. The results demonstrate that without 
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properly considering instantaneous strain and primary creep the simulation will lead to an 
overestimation of the hot pressing parameters, i.e. temperature, pressure and holding time. 
This is not only unfavorable for the derived microstructure and mechanical properties, but 
also will increase the fabrication costs of the composite. 
 
 
Fig. 4.5 Densification kinetics with primary creep (solid line) and without primary creep 
(broken line). 
A–1673 K / 40 MPa 
B–1573 K / 40 MPa 
C–1473 K / 40 MPa 
D–1573 K / 20 MPa 
E–1573 K / 10 MPa. 
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4.3.2 Influence of hot pressing parameters on the consolidation mechanisms 
 
 Fig. 4.6 Ratio dp / hh   as a function of temperature and applied stress at the beginning of stage 
2. ph  and dh  are the rate of void shrinkage caused by plastic deformation (mechanisms 6,7) 
and diffusion (mechanisms 1-5), respectively. 
 
The influence of hot pressing parameters, especially the impact of hot pressing 
temperature and pressure on the consolidation mechanisms, was investigated in the 
temperature range 1273 – 1673 K and in a pressure range 1 – 80 MPa at incipient stage 2 (Fig. 
4.6). For simplicity, the consolidation kinetics are represented by the rate of void shrinkage 
4
h . 
The rates P
4
h  and d
4
h  pertain to the shrinkages caused by plastic deformation (mechanisms 6, 
7) and diffusion (mechanisms 1-5), respectively. Evidently, temperature and pressure affect 
the consolidation kinetics such that with increasing temperature and pressure the magnitude of 
dP /
44
hh increases rapidly to reach a value higher than 105 at 1673 K under 80 MPa pressure. 
This can be attributed to the dependence of the creep rate of NiAl on temperature and stress 
[3-4, 126]. 
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Fig. 4.7 Densification of NiAl MCFs at the beginning of stage 2. 
(a) Void shrinkage caused by plastic deformation and diffusion as a function of applied stress 
at 1473 K. 
(b) Densification mechanism map of NiAl-MCFs. 
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With decreasing temperature and pressure the ratio dP /
44
hh  is also reduced and even drops 
below unity at relatively low temperatures and applied stresses, owing to a larger contribution 
from diffusion mechanisms to the consolidation kinetics than from plastic deformation 
mechanisms at this condition. An example is shown in Fig. 4.7(a): at 1473 K there is a critical 
pressure Pc of 3.32 MPa: above this stress plastic deformation dominates consolidation, 
otherwise diffusion prevails. The critical stresses were calculated for different temperatures 
(Fig. 4.7(b)). The dependency Pc(T) demonstrates the processing regimes where diffusion or 
plasticity govern the consolidation kinetics, and Fig. 4.7(b) defines a densification mechanism 
map. Such densification mechanism map provides a basis for intelligent selection of the 
optimal diffusion bonding parameters for the hot pressing fabrication of composites. 
4.4 Summary 
An analytical model for describing the consolidation kinetics of NiAl matrix coated 
sapphire fibers during diffusion bonding was presented. The correct creep behavior of matrix 
was accounted for in the model, and a densification map was derived. The results substantiate 
that plastic deformation, especially primary creep, plays a dominant role in consolidation and 
void elimination during diffusion bonding at high temperatures and high applied stresses. The 
omission of primary creep leads to an underestimation of the densification kinetics. Based on 
the proposed model, the consolidation process of Sapphire fiber reinforced NiAl composites 
will be simulated in the next chapter to aid in selectively optimum hot pressing parameters. 
Subscripts
The subscripts 1,2,3,4,5,6,7 identify the distinguished diffusion bonding mechanisms 
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Appendix A 
Mass transfer from the void surface to the neck (Mechanisms 1-3 in stage 1) 
The neck is assumed to touch the void surface tangentially, and the neck angle  remains 
constant (Fig. 4.2(a)). Initially, the bond length equals a0, the void height equals h0, and the 
neck radius is zero. The bond length a after a short time t reaches 
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Differentiation with respect to time yields 
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In order to derive a relation between h  and V  it is necessary to determine the actual 
volume V  of transferred mass in the time t . It is assumed that the mass transfer is uniform 
from the void surface, and half of the mass from the void surface is transferred to the left neck 
of the shaded area in Fig. 4.2(a) (another half of the mass moves to the top neck), then 
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As the mass is transferred only to the neck, the void volume will be not changed and can 
be expressed as 
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Differentiating Eq. (A4) with respect to r and rearranging gives 
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Eqs. (A3) and (A5) can be differentiated with respect to time t and rearranged with Eq. 
(A2). Finally, we arrive at the relationships between a , h , r and V  
 
)( rab
Vh



           (A6) 
 
)
2
tan
tan
1(tan 

 

r
hhr

        (A7) 
 
 tan
)1
cos
1(
tan
1)1
sin
1( hra

 "#
$
%&
'      (A8) 
 Diffusion Bonding Model of the Consolidation Process 55 
 
Appendix B 
Mass transfer from the interfacial source to the neck (Mechanisms 4-5 in stage 1) 
The neck is assumed to touch the void surface tangentially and the angle  remains 
constant. Accordingly, Eqs. (A1) and (A2) still hold for describing the mass transfer despite a 
different mechanism. However, in this case it is assumed that half of the mass transferred to 
the left neck of the shaded area in Fig. 4.2(a) originates from a uniform layer of thickness h  
next to the bond boundary (another half of the mass originates from the transfer to the top 
neck of the shaded area). Thus 
 
haV         (B1) 
 
The negative value indicates void shrinkage. The volume of the material in the MCFs 
remains constant, but the void volume changes with time and can be written as 
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Differentiating Eq. (B2) with respect to r we obtain 
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Eqs. (B1) and (B3) can be differentiated with respect to time t to obtain the relationships 
between a , h , r and V  
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Appendix C 
Mass transfer from the interfacial source to the neck (Mechanisms 4-5 in stage 2) 
The equations derived in Appendix B are valid only for mechanisms 4 and 5 during stage 
1. In stage 2 a cylindrical void is developed and so the equations must be modified to adjust to 
the new geometry, as shown in Fig. 4.2(b). The volume of mass transfer is the same as in 
stage 1 but this will lead to a decrease of the void volume. The removal of the mass from the 
interface will reduce the void height with a value of h. Eq. (B1) still applies 
 
haV         (C1) 
 
Furthermore, in stage 2 
 
ahr         (C2) 
 
Therefore, differentiating Eqs. (C1) and (C2) with respect to time t we obtain 
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Appendix D 
Volume flux due to diffusion from the grain boundary sources 
Mass transfer by diffusion along a grain boundary is driven by the chemical potential gradient. 
Using the approach of Johnson [124], it is assumed that: 
1. diffusion occurs in a quasi-steady state, i.e. the rate of material transport is large 
compared to the rate of change of geometry 
2. the divergence of the diffusion flux along the interface is constant at any instant in 
time 
3. the chemical potential of the interface is proportional to the normal stress together 
with the effect of curvature beneath the neck surface. 
So using the above assumptions the chemical potential gradient of atoms 
C6 2                                                                      (D1) 
Eq. (D1) may be solved using the following boundary conditions: 
1. due to symmetry of the neck 
 
06  at x = 0                                                           (D2) 
 
2. from the Gibbs-Thompson equation the chemical potential just beneath the neck is 
 
r


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3. the total force acting normal to the interface is described by the chemical potential 
along it and so the two must balance, i.e. 
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The diffusion flux is defined as 
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where 6  is determined from Eqs. (D1) – (D4). Therefore the flux at x = a is given by 
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from which the volume flux is found to be 
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5.1 Introduction 
The microstructure and hence the properties of the MCF-fabricated IMCs depend upon 
the choice of the process parameters during the consolidation process. Acceptable process 
parameters have to ensure fabrication of fully dense and void free composites with tolerable 
fiber damage as well as minimal chemical reactions between fiber and matrix in order to 
prevent the formation of harmful reaction products in the interface. The effects of the hot 
pressing parameters, i.e. pressure, temperature and time, on the deformation behavior and 
evolution of microstructure of the matrix as well as on the damage of the fibers of MMCs and 
IMCs, have been subject of recent investigations [10-16]. Generally, a higher temperature 
and/or higher pressure are helpful for elimination of voids, but at the same time have a higher 
potential for fiber damage. Hence, an optimizing strategy has to be developed. 
 
In this chapter, the finite element method (FEM) simulation based on the diffusion 
bonding model in previous chapter was employed to calculate the consolidation process of 
NiAl MCFs during hot pressing. The objective of the current investigation was to simulate the 
consolidation kinetics of NiAl composites during hot pressing to find the optimal hot pressing 
parameters, i.e temperature, compressive stress, holding time etc., for the fabrication of single 
crystalline Al2O3 fiber-reinforced NiAl composites. 
 
5.2 Deformation mechanisms of NiAl and model set-up 
5.2.1 Deformation mechanisms 
In the previous chapter, a densification map based on the analytical diffusion bonding 
model for NiAl MCFs was derived. During the consolidation process, the experimental results 
[130] substantiated that the hot pressing parameters for NiAl composites caused plastic 
deformation and were far from the critical values for diffusion controlled consolidation. 
Hence, the plastic deformation is the main mechanism for consolidation of NiAl MCFs at 
high temperatures. 
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To model the early stages of consolidation of an array of MCFs we used a 
micromechanics-based FEM simulation, where the deformation characteristics of a unit cell 
were considered to predict the behavior of the whole array. In the very beginning, the contact 
area between adjacent MCFs is extremely small; therefore, the contact pressure is very high. 
The correspondingly large instantaneous strain of the matrix leads to a rapid increase of the 
size of the contact area with increasing densification. Once these contact areas become so 
large that they can support the forces without further yielding, the rate of further densification 
will be controlled by time-dependent plastic deformation processes, which are power-law 
creep in the contact zones. The diffusion bonding model in chapter 4 showed that without 
properly considering instantaneous strain and primary creep the simulation would lead to an 
overestimation of hot pressing parameters, i.e. temperature, pressure and holding time. Thus, 
the primary creep deformation has to be included in the FEM simulation. The primary creep 
behavior of NiAl described by an Andrade type relation [126] was used in calculation.  
 
5.2.2 Geometrical relations 
 
Fig. 5.1 Schematic arrangement for vacuum hot pressing (VHP) (Black arrow: load). 
 
When MCFs are placed in a die in random packing, the packing density varies locally: 
there are regions of square, hexagonal and triangular arrangements [131]. In this study we 
consider a square array and a hexagonal array of coated fibers for simulating the local packing 
density in vacuum hot pressing (VHP) as shown schematically in Fig. 5.1. The real fiber 
Channel-die
Fiber NiAl 
Punch
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arrangement is likely to range between a square and a hexagonal array. The VHP hexagonal 
arrangements were employed to represent a true upper density limit. 
 
Each MCF consisted of a fiber with radius rf  = 63 µm and a matrix coating of thickness 
m fr r , where rm is the initial radius of the MCF. The fiber volume fraction Vf is defined as 
the fiber volume divided by the MCF volume: ( )2f f m/V r r . Several fiber volume fractions 
in the range of 0  Vf  80 % were considered in the simulation. 
 
 
(a)                                                                           (b) 
 
 (c)                                                                           (d) 
Fig. 5.2 The packing symmetries of (a) a VHP hexagonal, (b) a VHP square, (c) a Hot 
isostatic pressing (HIP) hexagonal, and (b) a HIP square fiber arrangements. The respective 
unit cells used in the finite element model are indicated by bold lines. 
 
Due to the symmetry of the array and of the loading conditions, it was sufficient to 
consider a unit cell of MCFs, as shown in Fig. 5.2. The VHP arrays were subjected to a 
macroscopic compressive stress 	y in the y-direction. The corresponding macroscopic strains 
MCF MCF
MCF
MCF
62 Chapter 5  
 
will be denoted by y and x, respectively. Since the fibers were very long compared to their 
radius, two-dimensional plane strain conditions were applied.  
 
The fiber was considered to behave as a perfectly elastic material so that the change of its 
radius during compression could be neglected. The relative density  was defined as the ratio 
of the volume of the solid material (fiber and matrix) in the unit cell to the volume of the unit 
cell. The initial relative densities for the square and the hexagonal arrangement were 
0 = 0.785 and 0.906, respectively. Since the volume of the solid material did not change 
during the plastic deformation, the volume of the solid material in the unit cell remained equal 
to the initial volume V0. In the simulation the displacement of the compression platens was 
recorded and the relative density  was calculated using the equation 
 
 0 / 'V V    (5.1) 
 
where V' is the instantaneous volume of the unit cell during the simulation process. 
Consequently, with the displacement uy, the relative densities were 
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5.2.3 Finite element model 
The finite element analysis was carried out with the commercial code ABAQUS, version 
6.3 [31]. The finite element grids used for the different VHP hexagonal and VHP square 
packing arrangement with Vf = 30 % are shown in Fig. 5.3. It consisted of 1105 four-node 
bilinear 2D square elements, 897 for the matrix and 208 for the fiber of hexagonal 
arrangement (Fig. 5.3(a)). We also tried finer meshes with higher numbers of elements and 
nodes, but this did not lead to any further improvement in the accuracy of the results. 
 
The deformation of the unit cell was modeled by three rigid flat surfaces which were 
treated as smooth and frictionless. The contacts between the rigid surfaces and of all other 
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surfaces were standard surface-to-surface contacts with frictionless tangential and hard 
normal behavior. 
 
(a) 
 
 
 
 
 
 
(b) 
Fig. 5.3 FEM grids for Vf = 30 % (a) VHP hexagonal, (b) VHP square packing arrangements. 
 
The fiber/matrix interface was assumed to be entirely bonded, while the interface between 
the two matrices was considered to be closely tied because the matrix coated surfaces 
apparently would quickly diffusion bond to each other on application of pressure, according 
to former experimental results [132]. The incremental normal displacement uy was applied 
to the rigid top surface by means of a set point along the y-direction. The boundary conditions 
were: the left and right rigid surfaces were fixed, ux = uy = uxy = 0; the top rigid surface and 
the left and right boundary of the unit cell moved only parallel to the y-direction, i.e. ux = uxy 
= 0; the boundary at the bottom of the unit cell moved only along the x-direction, i.e. uy = uxy 
= 0. A point load was applied to the rigid top surface, which corresponded to the required 
uniaxial pressure. 
 
Matrix
Fiber
Matrix
Fiber
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In all cases, the matrix material was a Ni-48.9 at.% Al alloy. The fiber was considered to 
be a continuous single crystal Al2O3 fiber (sapphire) and represented by a perfectly elastic 
material, because it was much more rigid than the matrix material at high temperatures. The 
matrix was modeled as an elastic-perfect plastic continuum for the initial rate independent 
plasticity with no strain hardening, because NiAl undergoes dynamic recrystallisation during 
hot pressing. Isotropic elasticity was assumed and, therefore, a von Mises criterion was used 
for the yield surface. The creep deformation of the matrix comprised primary creep (Eq. 2.2) 
and steady state creep (Eq. 3.1) [126]. The material data for NiAl and Al2O3 fibers are given 
in Table 5.1. 
 
Table 5.1 Material properties (Temperature T is in kelvin) used in FEM simulation 
 
Material Parameter Value  Ref. 
Young’s modulus (E) 204.9–0.041T GPa 
Shear modulus () 76.6–0.017T GPa NiAl 
Poisson ratio () 0.307+2.15×10-5T - 
[3] 
Young’s modulus (E) 463.6–0.04T GPa 
Al2O3 
Poisson ratio () 0.3 - 
[133] 
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5.3 Results 
5.3.1 Deformation and stress distribution during the consolidation process 
(a) (b) 
 
 
 
 
 
 
 
 
(c) (d) 
  
Fig. 5.4 Von Mises stress distribution in Pa for a hot pressed hexagonal MCF arrangement 
with 1573 K / 40 MPa / 30 %: (a) instantaneous strain, t = 0.6 s (b) primary creep, t = 34 s (c) 
steady state creep, t = 198 s and (d) full density, t = 3640 s. 
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The von Mises stress distribution in the unit cell with progressing consolidation is given in 
Fig. 5.4. The stress level in the contact area between two matrix surfaces was very high at the 
beginning of consolidation process, causing rapid plastic deformation of the matrix (Fig. 
5.4(a)). With increasing deformation the high stress regions spread into the fiber. Since the 
fiber was considered to consist of an elastic continuum, no plastic deformation would occur in 
the fiber. With the creep rate slowing down, the stress level in fiber and matrix decreased 
rapidly, (Figs. 5.4(b) and (c)), and creep continued until full density was reached (Fig. 5.4(d)). 
 
5.3.2 Influence of temperature and pressure on consolidation kinetics 
0.9
0.92
0.94
0.96
0.98
1
0 500 1000 1500 2000
Time (s)
R
el
at
iv
e 
de
ns
ity
1673 K
1573 K
1473 K
(a) 
0.9
0.92
0.94
0.96
0.98
1
0 1000 2000 3000
Time (s)
R
el
at
iv
e 
de
ns
ity
60 MPa
40 MPa
30 MPa
20 MPa
10 MPa
(b) 
Fig. 5.5 Relative density as a function of holding time for Vf  = 30 % (a) under 40 MPa 
pressure at different temperatures (b) under different pressures at 1573 K. 
 
Fig. 5.5 shows the relative density of a NiAl matrix composite with 30 % volume fraction 
Al2O3 fibers as a function of holding time at different temperatures (Fig. 5.5(a)) or under 
different pressures (Fig. 5.5(b)). Evidently, the holding time to obtain a certain density 
decreased with rising temperature. The same trend was observed for increasing pressure. At 
low temperature and pressure full density could not be reached in a reasonable processing 
time, e.g. 10 MPa at 1573 K. 
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5.3.3 Influence of fiber volume fraction on consolidation kinetics 
 
Fig. 5.6 Effect of fiber volume fraction on the relative density as a function of holding time 
for 40MPa at 1573K. 
 
The effect of fiber volume fraction on the densification process of composites at 40 MPa 
and 1573 K is shown in Fig. 5.6. In the fiber volume fraction range below 40 % the time 
needed to attain a certain density rises only little. However, if the fiber volume fraction 
exceeds 50 %, the time needed for a certain density increased dramatically. If the fiber 
volume fraction reached 80 %, the voids were quite difficult to be filled up by the matrix even 
though the matrix deformed extensively. These simulation results are in agreement with 
results of other authors [15, 134]. 
 
The critical Vf value of MCFs by hexagonal arrangement is 89.7 % (rm = 66.506 m) by 
which the volume of matrix is equal to the volume of void before densification. If Vf > 89.7 
%, there is no enough matrix to be filled up the void. 
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 (a)  (b)  
 
 
 
 
 
 
 
(c)  (d) 
Fig. 5.7 Creep strain distributions for different fiber volume fractions at 40 MPa and 1573 K 
(= 98.2 %): (a) Vf=0%, t = 43 s (b) Vf= 30 %, t = 44.5 s (c) Vf= 50 %, t = 64.3 s (d) Vf= 60 
%, t = 126 s. 
 
The influence of the fiber volume fraction on the distribution of the creep strain is shown 
in Fig. 5.7. The presence of the fiber led to an increased creep strain concentration in the 
matrix. As the fiber volume fraction increased, the location of the highest creep strain shifted 
from the interface between MCFs to the interface between fiber and matrix. For a given 
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density, the creep strain required for full densification also increased with growing fiber 
volume fraction. This is consistent with the results in Fig. 5.6. 
 
5.3.4 Influence of fiber arrangement on consolidation kinetics 
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Fig. 5.8 Relative density as a function of holding time for different MCF arrangements with 
1573 K / 40 MPa / 30 %. 
 
We investigated the behavior of different fiber arrangements as shown in Fig. 5.2. It was 
assumed that the hexagonal arrangement would correspond to the ideal fiber stacking. 
However, misalignment can always occur during mounting of the MCFs in a channel die or a 
hot isostatic pressing (HIP) mould, particularly due to different diameters of the MCFs owing 
to variations of the diameter of Al2O3 fibers or different coating thickness. A misalignment 
can also result from a bending of the coated fiber, which is often introduced during the 
coating process [34]. Therefore, the actual arrangements of MCFs in a channel die or HIP-
mould are likely between a hexagonal and a square arrangement prior to consolidation. Fig. 
5.8 shows the influence of different fiber arrangements on the consolidation kinetics under the 
hot pressing condition of 40 MPa at 1573 K with a fiber volume fraction of 30 %. The 
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densification rates for different arrangements are ranged from fast to slow as follows: HIP-
hexagonal, VHP-hexagonal, HIP-square and VHP-square, but the difference was maintained 
only for a certain time. With progressing consolidation the influence of the fiber arrangement 
on the densification kinetics was reduced conspicuously, for example after 500 seconds in 
Fig. 5.8. These results demonstrate that the different MCF arrangements influence the 
densification kinetics merely at the early stages of hot pressing, but do not have a remarkable 
effect on the advanced densification stage. 
5.4 Discussion 
5.4.1 Primary creep of the NiAl matrix 
Pressure consolidation by creep is typically modeled by assuming steady state creep 
throughout the densification process [10-16]. Steady state creep is preceded, however, usually 
by extensive primary creep. The negligence of primary creep is usually due to the lack of 
respective creep data, while steady state creep behavior can be measured conveniently by 
dynamic tests. For a more rigid treatment of the problem we measured the creep behavior of 
NiAl in the high temperature regime between 1473 K and 1673 K, as shown in chapter 2 
[126]. Primary creep behavior was fitted to a power law equation mbt 0  with 
5.3	2b , 
and 0.52 < m < 0.68. From this data it is concluded that during the consolidation by hot 
pressing with 40 MPa at 1573 K, instantaneous strain, primary creep, and steady state creep 
contributed to the densification by 32 %, 47 % and 21 %, respectively. Thus, the primary 
creep stage contributed almost half of the whole creep strain during densification of the 
composite from  = 0.93 to  = 0.98. Evidently, this demonstrates the important role of 
primary creep on the consolidation process of composites under high compressive stress at 
high temperatures. These simulation results are important, since they are designed to be 
utilized as criterion for determining the optimal hot pressing parameters for the fabrication of 
NiAl composites from MCFs. 
 
5.4.2 Optimization of hot pressing parameters 
As mentioned in the beginning of this chapter, one of the objectives of the FEM 
simulation of the VHP-process in the current investigation was to find out the optimal hot 
pressing parameters for fabrication of NiAl-composites from MCFs. Optimal parameters are 
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associated with a fully dense composite with no or minimal fiber damage and with no or weak 
chemical reaction at the interface. To achieve them the hot pressing temperature and pressure 
should be as low as possible and the hot pressing time should be as short as possible. By 
variation of the processing conditions for the FEM simulations the optimum conditions were 
determined. 
 
From the simulation results of hot pressing with 40 MPa at different temperatures and at 
1573 K with different pressures (Fig. 5.5) it is obvious that higher hot pressing temperatures 
or pressures shorten the time for full densification. But high temperatures and/or high 
pressures are likely to degrade the chemical stability of the components, to damage the fibers 
and to promote grain coarsening of the matrix, which will deteriorate the mechanical 
properties of the composite noticeably. At lower hot pressing temperatures or pressures the 
time needed for full densification will substantially increase due to a lower creep rate and 
thus, is not economical for composite fabrication. In addition, according to the discussion in 
section 5.4.1, the major contribution to consolidation results from the instantaneous plastic 
deformation and primary creep contributes about 80 % of the total plastic strain. Therefore, 
moderately high hot pressing temperatures and pressures are necessary to fully exploit 
primary creep and to accomplish high quality economical consolidation. 
 
A change of the fiber volume fraction below 50 % does not have an obvious influence on 
the consolidation kinetics (Fig. 5.6). Owing to the good formability of NiAl at high 
temperatures and sufficient matrix material the voids can be filled up readily. When the fiber 
volume fraction exceeds 60 %, the local NiAl-matrix (Fig. 5.7(d)) must strain extensively in 
order to fill the voids between the MCFs, which results in a long time for full densification. 
Meanwhile, the strain concentration in a matrix with high fiber volume fraction is harmful to 
the properties of the composites. 
 
From the FEM simulations and the above considerations it is expected that the optimal 
VHP-parameters for consolidation of NiAl-coated sapphire fibers are 1573 K / 40 MPa / 30 – 
60 minutes with a fiber volume fraction not to exceed 60 %. 
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5.4.3 Comparison with experimental results 
 
The calculated consolidation kinetics of NiAl MCFs during hot pressing at 1473 – 1573 K 
under 20 – 40 MPa are shown in Fig. 5.9. These parameters fields were used to simulate the 
experimental diffusion bonding process of NiAl composite fabrication by hot pressing. For 
comparison, the experimental data [130] attained for NiAl composites produced by different 
hot pressing parameters are also given. There is good agreement between experimental results 
and model predictions. Based on the simulation results (1573 K / 40 MPa / 30 – 60 minutes), 
we fabricated NiAl composites with a shorter consolidation time 1573 K / 40 MPa / 60 
minutes, and again obtained 100 % density. 
 
Fig. 5.9 Comparison between FEM predictions and experimental results. 
 
Compared with the ideal MCF-array in the simulations, the experimental fiber 
arrangements were less perfect because of non-uniform diameters or bending of the MCFs 
[34]. Such perturbations result in a less perfect alignment of the MCFs and will form some 
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anomalously large voids in the MCF-array. Therefore, the actual density of the fabricated 
MCF-array may be lower than assumed in the simulations and, consequently, the 
experimental consolidation process may proceed slightly more slowly than the simulated 
process. To substantiate such a difference further experimental work will be necessary. 
 
5.5 Summary 
The consolidation process of NiAl matrix coated continuous Al2O3-fibers (MCFs) was 
simulated by means of FEM. Different hot pressing parameters were used to investigate the 
influence of these parameters on the consolidation kinetics. It was found that the most 
important parameters were hot pressing temperature, pressure and fiber volume fraction. They 
strongly affected the consolidation kinetics by changing the strain rate of the NiAl-matrix 
during hot pressing. According to the simulations the optimal parameters for the VHP-
processed NiAl-MCFs of 1573 K / 40 MPa / 30 – 60 minutes were recommended. The fiber 
volume fraction should not exceed 60 %. The predictions were compared to experiments, and 
good agreement between the simulated and experimental results was found. 
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6 Thermal Residual Stress (TRS) and Fiber Damage 
 
 
6.1 Introduction 
After consolidation of the matrix-coated fibers (MCFs) by means of hot pressing at high 
temperatures [13, 15] the samples were cooled down to room temperature. Thermal residual 
stresses (TRS) will build up in the IMCs after thermal mechanical processing due to the 
different coefficients of thermal expansion (CTEs) of fiber and matrix [25-30, 135], which 
can dramatically affect the interfacial properties and debonding behavior, and thus the 
mechanical performance of IMCs at ambient and elevated temperatures. This was recently 
reported for sapphire fiber-reinforced NiAl composites [18]. To reduce the TRS an 
intermediate BN layer was introduced into the interface to lower the interface strength in NiAl 
composites and to allow the TRS to relax [18]. Unfortunately, the strength of the composite 
substantially deteriorated by this measure and thus, made it less attractive for structural 
applications. 
 
Besides the CTE difference the fiber arrangement also affects the TRS. This can be 
computed by FEM, which is a powerful tool for studying the stress distribution in composites. 
The interface behavior with/without interlayer and the effect of the neighboring fibers are 
accounted for in the FEM simulation. We employed FEM analysis for probing the TRS in 
various MCFs. To check the predictions of the FEM analysis a measurement of the TRS is 
necessary. To measure the TRS in fiber reinforced composites typically X-ray diffraction 
*135+ and the electron moiré method *30+ are employed. The respective results yield an 
average value of the residual stresses for the illuminated surface. Instrumented indentation 
was utilized recently for measurement of the local TRS *136+. With this, the residual stress 
and strain fields can be extracted at different size scales, and composites with high fiber 
volume fractions can also be investigated. 
 
In this chapter, the TRS distribution in continuous Al2O3 fiber reinforced NiAl composites 
with/without BN interlayer after diffusion bonding was analyzed by using FEM simulation. 
Nano-indentation experiments were performed to measure the TRS in the NiAl composite, 
and the results were compared to simulations. The NiAl composite samples subjected to nano-
indentation experiments were fabricated with the hot pressing parameters of 1573 K / 40 MPa 
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/ 60 min [17]. The objective of the study reported in this chapter is to find a design of 
NiAl/Al2O3 fiber reinforced composites for optimum mechanical performance. 
 
6.2 Model description and experimental procedure 
6.2.1 Finite element model 
For a multi-fiber composite the TRSs were simulated by using ABAQUS, a commercial 
finite element code [31]. Because of the axisymmetry of the single fiber model (Fig. 2.8), a 
two-dimensional axisymmetric model (Fig. 6.1) was sufficient for the FEM simulation. The 
model discriminates three zones: (i) the elastic fiber, (ii) the elastic/plastic matrix that 
surrounds the fiber, (iii) the surrounding composite that encases the matrix and has effective 
composite properties calculated from a linear rule of mixtures, to account for the influence of 
neighbor fibers. An interlayer was introduced between fiber and matrix when an interlayer 
phase was considered. 
 
 
Fig. 6.1 Geometry of the axisymmetric finite element model. 
 
The boundary conditions are described as follows: 
for the interfacial boundary conditions, two cases were distinguished, 

rf
rm rc
r 
z 
0
Fiber Matrix Composite
2L
Interlayer
i ii iii
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(1) adhesive bonding in the case of an interface with a high interfacial shear strength, 
where the tractions and displacement components were assumed to be: 
f m
rr rr	 	     and    
f m
rz rz
 
  
f mu u     and    f mw w  
 (2) frictional slip in the case of low interfacial shear strength, where the shear stress in the 
slip region was caused by the radial stress owing to Coulomb friction (the friction 
coefficient f was assumed to be constant in the slip region). Across the fiber–matrix 
interface the following relations were assumed: 
f m
rr rr	 	     and    
f m
rz rz rr
 
 	  7  
During fiber sliding only the normal displacement component u was continuous across the 
interface ( f mu u ). The external surface of the cylinder (r = rc) was assumed to retain a 
cylindrical shape, i.e. u(z) = constant. 
 
For a NiAl/Al2O3 system without BN interlayer, case (1) was assumed for the interfacial 
boundary conditions of the fiber-matrix interface (r = rf) and the matrix–composite interface 
(r = rm), i.e. adhesive bonding. For a system with an interlayer, NiAl/BN/Al2O3, the 
interfacial boundary conditions of the NiAl/BN interface and matrix–composite interface (r = 
rm) were assumed to represent adhesive bonding (case (1)), whereas frictional slip (case (2)) 
was associated with the BN/Al2O3 interface due to delamination of the BN interlayer, as 
experimentally observed [18]. The radius of the sapphire fiber was rf = 63 µm, and rm 
depended on the fiber volume fraction ( )2f f m/V r r . In the present study, the fiber volume 
fraction Vf was 30 % unless specified otherwise, i.e. rm = 115 µm. 
 
To compare the computed TRS with nanoindentation measurements, a plane strain FEM 
model with square fiber arrangement (Fig. 6.2) was employed. The interfacial boundary 
conditions were the same as in the axisymmetrical model shown in Fig. 6.1. The top surface, 
where the nanoindentation was performed, was considered a free surface, and both side 
surfaces were treated as symmetrical surfaces. 
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Fig. 6.2 Fiber/matrix arrangement for a plane strain finite element model. 
 
Invariably, the fiber was taken to be a perfectly isotropic elastic material due to its 
apparently larger stiffness than the matrix at high temperatures. The matrix Ni-48.9 at.% Al 
was modeled as an isotropic elastic–perfect plastic continuum without strain hardening. A 
stress free temperature Tsf of 850 K [133] and a brittle-to-ductile transition temperature 
(BDTT) of 550 K [3] for NiAl were assumed. The mechanical properties of fiber and matrix 
are listed in Table 6.1. 
 
 
 
 
 
 
 
 
 
 
Matrix
Fiber
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Table 6.1 Material properties (T in Kelvin ) according to  [3-4, 133, 137] 
 
Material Parameter Value Unit 
Young’s modulus (E) 204.9–0.041T GPa 
Thermal Expansion 
coefficient () 316212
95
1018374.41058368.1
1008531.41016026.1
TT
T
8888
888


 K-1 
Poisson ratio () 0.307+2.15×10-5T - 
NiAl 
Yield stress (	y) 
(650 – 850 K) 
200 MPa 
Young’s modulus (E) 463.6–0.04T GPa 
Thermal Expansion 
coefficient () 317212
86
107017.010634.0
10425.010932.5
TT
T
8888
888


 K-1 Al2O3 fiber 
Poisson ratio () 0.3 - 
Young’s modulus (E) 33.86 GPa 
Thermal Expansion 
coefficient () 
5102.12 8  K-1 BN 
Poisson ratio () 0.19 - 
Young’s modulus (E) Ec = EfiberVf + ENiAl(1-Vf)  GPa 
Thermal Expansion 
coefficient () 
c = fiberVf + NiAl(1-Vf)  K-1 
Surrounding 
Composite 
Poisson ratio () 0.3 - 
6.2.2 Determination of interfacial friction coefficient for BN interlayer 
A thin BN interlayer with a thickness of about 0.5 – 2 µm was introduced in some NiAl 
composites for reduction of the interfacial shear strength in order to lessen the fiber damage. 
The stress release in the BN interlayer is due to delamination of the BN basal planes. 
Therefore, the interface in the NiAl composite with BN interlayer was considered a purely 
frictional interface for TRS calculations. In order to model and simulate such interfacial 
behavior, the friction coefficient f for slipping of delaminated BN interlayers had to be 
determined. This was accomplished by comparing the FEM-simulated load/displacement 
curve for frictional slip with different f-values to the typical measured response in fiber 
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push-out tests. A simulated load/displacement curve with a frictional coefficient of f = 0.21 
showed the best agreement with the measured push-out behavior. Thus, this friction 
coefficient was adopted for the numerical analysis. 
 
6.2.3 Principle of nano-indentation method for TRS determination 
  Suresh and Giannakopoulos [136] proposed a general methodology for the 
determination of surface residual stresses and residual plastic strains by using instrumented 
sharp indentation. A compressive residual stress is expected to decrease the contact area for a 
given indentation load or to increase the indentation load needed to penetrate the material to a 
given depth (Fig. 6.3). The ratio of the penetration depth h of an indenter into a substrate with 
a compressive residual stress to the depth of penetration h0 into the material without residual 
stress, under a fixed indentation load, is *136+ 
 
1
ave0
2
0
2 sin
1





 
!

pA
A
h
h Rx 	                                                 (6.1) 
 
ave
Pp
A
                                                                   (6.2) 
 
where A and A0 are the apparent contact areas on the substrate with a compressive residual 
stress and the stress free material, respectively; pave is the average pressure on the substrate 
with compressive residual stress. In this study, a constant load of P = 2000 N was applied to 
the surface of samples with a Berkovich trigonal pyramid indenter. If the included angle of 
the indenter tip is 29, then the angle  is determined as 9  2  (= 24.7° for the 
Berkovich trigonal pyramid indenter), and the compressive residual stress can be written as 
 

	
sin
)1(
2
2
0ave
h
hpR
x

                                                          (6.3) 
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Fig. 6.3 Specimen geometry for nanoindentation experiments on a NiAl/Al2O3 composite 
with compressive thermal residual stress. 
 
Nanoindentation experiments were conducted at room temperature by using a Hysitron 
Triboindenter®. The compliance of the nanoindentation system was determined by 
measurements on SiO2 standard specimens. Three kinds of samples with a size of ~2 8 2 8 1 
mm3 were tested by nanoindentation: NiAl, NiAl/Al2O3 composites and NiAl/BN/Al2O3 
composites with a fiber volume fraction of 30 %. NiAl samples cut from a NiAl ingot were 
used as reference material without residual stress. Before testing the NiAl samples were 
annealed at 1373 K for 8 hours in vacuum and then slowly cooled down in the furnace. The 
NiAl composites were fabricated by means of diffusion bonding at 1573 K / 40 MPa / 60 min 
from matrix coated single crystal Al2O3 sapphire fibers with/without BN interlayer. Detailed 
information on diffusion bonding and consolidation kinetics of NiAl composites can be found 
elsewhere [17]. Two composite samples were cut parallel to the longitudinal axis of the fiber 
from NiAl composites and then carefully ground until the center cross-section of some fibers 
appeared on the surface (Fig. 6.3). Finally, these samples were polished with 1 µm diamond 
paste to obtain a smooth surface. 
 
 
 
 
 
 
P
	xR
NiAl Matrix 
Fiber
	xR
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6.3 Results 
6.3.1 Simulation results 
6.3.1.1 Determination of the critical sample thickness and the critical radius of a 
surrounding composite for TRS simulation 
 
In order to take into account the effect of the neighboring fibers, a surrounding composite 
element with the effective properties of the composite obtained from a linear rule of mixtures 
was adopted in the FEM analysis *27+, as shown in Fig. 6.1. Furthermore, the thickness of the 
samples also influenced the residual stress. This phenomenon had already been observed 
during transmission electron microscopy (TEM) specimen preparation of NiAl composites by 
means of a focused ion beam (FIB) *18+. In order to find a suitable size for the FEM model, 
the influence of the sample thickness 2L was simulated in the range from 100 µm to 5000 µm 
and for a surrounding composite radius from 115 µm to 2000 µm. 
 
The FEM simulations demonstrated that the maximum von Mises stress, radial stress, 
axial stress and hoop stress in fiber and NiAl matrix occurred at the sample center (z = 0, Fig. 
6.1), whereas the maximum shear stress was found near the two ends of the  sample (z  L). 
Fig. 6.4 shows the variation of the peak TRSs in the fiber and the NiAl matrix at z = 0 as a 
function of the sample thickness and the radius of the surrounding composite. Except for the 
radial stress, the TRS level in fiber and NiAl matrix increases as the sample becomes thicker 
(Fig. 6.4(a)). The critical sample thickness was found to be about 1.5 mm. Below this size the 
TRS increases with increasing sample thickness, whereas there is no variation of the stress 
level at larger sample dimensions. Thus, in all FEM simulations the sample thickness was 
assumed to exceed this critical value. The radial stresses in both fiber and NiAl matrix 
decrease slightly as the radius of the surrounding composite (area iii in Fig. 6.1) increases 
(Fig. 6.4(b)). This indicates that the surrounding composite exerts an outward traction force 
on the NiAl matrix because the CTE of the surrounding composite is smaller than that of the 
NiAl matrix. Nevertheless, the effect of the surrounding composite manifests itself as an 
increase of the level of the other TRS components in both fiber and NiAl matrix as the radius 
of the surrounding composite increases. A minimum radius of the surrounding composite of 
about 500 µm is needed before a stable TRS level is achieved. Therefore, in the following 
simulations 2L = 2 mm and rc = 1 mm were assumed. 
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(b) 
Fig. 6.4 Variation of thermal residual stresses in fibers without BN interlayer as a function of 
(a) sample thickness and (b) radius of surrounding composite (solid symbols – TRS in fiber, 
open symbols – TRS in NiAl matrix). 
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6.3.1.2 TRS distribution 
The radial, axial, hoop and shear thermal residual stress distributions at room 
temperature calculated by FEM are presented in Fig. 6.5. The radial TRS 	rr (Fig. 6.5(a)) in 
the fiber and NiAl matrix is mainly compressive due to the thermal contraction. Only close to 
the ends of the fiber 	rr becomes positive, i.e. a tensile stress. Due to the larger CTE of the 
matrix the axial TRS 	zz in the fiber is compressive, whereas it is tensile in the NiAl matrix 
(Fig. 6.5(b)). The hoop (	) and axial (	zz) TRS in fiber and matrix are of the same sign (Fig. 
6.5(c)). The peak values of 	rr, 	zz and 	 were found in the center of the sample (z = 0). The 
sign of the shear stress 
rz in the fiber is positive at the top and negative at the bottom (Fig. 
6.5(d)). The maximum shear stress occurs at the interface near both ends of the sample (z = 7 
L and r = rf). In the center of the sample (z = 0), the shear stress is zero. 
 
 
Fig. 6.5 Contour plots of the thermal radial stress 	rr, axial stress 	zz, hoop stress 	,  and 
shear stress 
r at room temperature (Vf  = 30 %, 2L = 2 mm, z direction scaled by a factor of 
0.2). 
 
Fiber NiAl
(a) 	rr (b) 	zz (c) 	 (d) 
r
Stress (Pa) 
+5.777 × 108
+4.441 × 108
+3.106 × 108
+1.770 × 108
+4.347 × 107
-9.009 × 107
-2.236 × 108
-3.572 × 108
-4.908 × 108
-6.243 × 108
-7.579 × 108
-8.914 × 108
-1.025 × 109
Z = 0
z
r
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Fig. 6.6 The distribution of 	rr, 	, 	zz, and von Mises stress at z = 0 (Vf = 30 %, 2L = 2 mm): 
Solid symbols – without BN interlayer, open symbols – with BN interlayer. 
 
Fig. 6.6 shows the TRS distribution at z = 0 with/without a BN interlayer at room 
temperature. Without a BN interlayer (solid symbols) the radial stress 	rr is constant and 
compressive in the fiber and approaches zero with increasing radial distance in the NiAl 
matrix. The hoop stress 	 is compressive in the fiber, but becomes tensile in NiAl at the 
interface and decreases away from the interface. The axial stress 	zz remains constant and 
compressive in the fiber and is constant and tensile in the NiAl matrix. The computed axial 
stress in the fiber attains a maximum at z = 0 and amounts to 1025 MPa. This value is strongly 
affected by the properties of the surrounding composite. 
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Fig. 6.7 Shear stress dependency on axial coordinate z (solid line – without BN interlayer, 
dashed line – with BN interlayer). 
 
After introduction of an approximately 1 µm thick BN interlayer (open symbols in Fig. 
6.6), the TRS level in the fiber decreases significantly; especially the axial stress 	zz drops 
from 1025 MPa to 830 MPa, whereas in the NiAl matrix the radial stress 	rr and the hoop 
stress 	 are only slightly lower. The most conspicuous change after the introduction of a BN 
interlayer is the degradation of the shear stress at the interface (Fig. 6.7). The shear stress 
vanishes at the center of the sample and increases with growing distance from the center to 
reach a maximum close to the specimen ends. The latter is due to the relaxation of stresses at 
the end surfaces of the sample by elastic/plastic deformation of the NiAl matrix. It is obvious 
that the fiber tends to slide outwards from the matrix at both ends. In NiAl/Al2O3, a high shear 
stress of 7 283 MPa is built up at both ends of the specimen. With a BN interlayer the 
maximum shear stress is dramatically reduced to 7 56 MPa and moves from the end of the 
fiber to a location at a quarter of the fiber length due to stress relaxation by delamination at 
the BN interlayer. 
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(b) 
Fig. 6.8 Peak thermal residual stresses. (a) in the fiber, and (b) in the NiAl matrix of NiAl 
composites without BN interlayer as a function of fiber volume fraction. 
 
The variation of the maximum values of the von Mises stress, radial stress, axial stress, 
and shear stress in the fiber and in the NiAl matrix with the fiber volume fraction is given in 
Fig. 6.8. The TRS in the fiber remains almost constant at a low volume fraction of 10 – 30 %, 
and decreases at higher fiber volume fractions. The radial stress 	rr and the shear stress 
rz are 
relatively insensitive to the fiber volume fraction compared to the axial stress 	zz. The TRS in 
the NiAl matrix has quite different characteristics. The absolute value of the radial stress 
increases with rising fiber volume fraction at low volume fractions (10 – 30 %), but it 
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decreases at fiber volume fractions higher than 40 %. The shear stress remains almost 
constant in the NiAl matrix. As expected, the axial stress increases linearly in the NiAl matrix 
with increasing fiber volume fraction. 
 
6.3.2 Nano-indentation measurements 
 
During nanoindentation, two holding times of 1 s and 5 s were used after the indentation 
load reached the peak value of 2000 µN. The results show that there is no noticeable 
difference for different holding times. During nanoindentation on the fiber, fiber fracture was 
commonly observed due to high stresses introduced owing to the high Young’s modulus of 
single-crystalline sapphire fibers. The measured values of indentation depth on the fibers 
exhibited wide scatter, and no reliable TRS values could be calculated. The measured values 
on the NiAl matrix are quite reproducible for three samples, as reflected by the small standard 
deviations of the penetration depth h (1.67 % for stress free NiAl, 0.93 % for the NiAl/Al2O3 
composite, and 0.68 % for the NiAl/BN/Al2O3 composite). 
 
 
Fig. 6.9 Comparison of FEM simulation results of radial thermal compressive stresses 	rr in 
the surface of a NiAl matrix with measurements by nanoindentation. 
 
0
200
400
600
800
1000
T
h
er
m
al
 r
es
id
u
al
 s
tr
es
s 
(M
P
a) Simulation
Measurement     
NiAl/Al2O3
NiAl/BN/Al2O3
 Thermal Residual Stress (TRS) and Fiber Damage 89 
The compressive radial TRS 	rr in the surface of the NiAl matrix with/without BN 
interlayer was calculated from the indentation data by using Eq. 6.3 and compared to 
computational results (Fig. 6.9). As expected, the calculated values of 	rr in the NiAl matrix 
without a BN interlayer (713.9 MPa) are obviously larger than in composites with BN 
interlayer (426.7 MPa). The standard deviation of the measured value for the sample without 
BN interlayer was slightly larger than for the one with a BN interlayer.  
 
 
Fig. 6.10 Radial thermal residual stress 	rr distributions at the surface of NiAl composites 
with/without BN interlayer. 
 
A comparison of the measured and simulated surface radial residual stresses 	rr in the 
NiAl matrix (Fig. 6.10) reveals that the measured compressive TRSs are relatively higher than 
the computed values. 
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6.4 Discussion 
 
6.4.1 Fiber damage in NiAl composites caused by TRS 
 
A variety of effects can be caused by the TRS: 1) plastic deformation of the ductile 
intermetallic matrix, 2) cracking and failure of the brittle fiber, and 3) failure of the 
fiber/matrix interface [138]. The extent of these effects depends on the properties of fiber, 
matrix and interface. The strength of single-crystalline sapphire varies with orientation and 
temperature. The tensile strength of a single-crystalline sapphire fiber along the a-axis or c-
axis does not change very much in the temperature range between 300 K and 1100 K. The 
compressive strength along the a-axis also does not vary essentially up to 1500 K. However, 
the compressive strength along the c-axis degrades rapidly with increasing temperature from 
300 K to 1173 K [48]. 
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Fig. 6.11 Axial thermal residual stress 	zz in the fiber as a function of temperature compared 
with the fiber compressive strength along the c-axis. 
 
Fig. 6.11 shows the compressive axial thermal stress 	zz in a sapphire fiber of NiAl 
composites with and without BN interlayer along its c-axis at different temperatures. For 
comparison, the compressive strength of the sapphire fiber along the c-axis is also given [48]. 
Apparently, in the temperature range of 680 – 790 K the compressive thermal stress of a NiAl 
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composite without BN interlayer is remarkably higher than its compressive strength. It is 
obvious that it results in a fiber damage observed in NiAl composites without BN interlayer 
(Fig. 6.12(a)). 
 
 
(a) NiAl/Al2O3 
 
 
 
(b) NiAl/BN/Al2O3 
 
Fig. 6.12 SEM micrographs of NiAl composites fabricated by hot pressing; (a) without BN 
interlayer, (b) with BN interlayer. 
 
The fiber damage caused by the compressive thermal stress can be explained by the 
occurrence of cracks due to twinning. In a single-crystalline sapphire fiber, high compressive 
400 µm
400 µm
92 Chapter 6  
stresses touch off twinning on rhombohedral planes, -
32OAl
2110  , as shown in Fig. 6.13 [48]. 
Cracks occur when twins on differently oriented , -
32OAl
2110  -planes intersect because of 
uncoordinated movement of the atoms on these planes. This fiber damage results in a 
dramatic fiber strength degradation entailing a strength loss of the NiAl composites [18]. 
 
 
Fig. 6.13 Crystallography of twinning on rhombohedral planes in single-crystalline Al2O3. 
 
The delamination of BN basal planes releases partly the TRS and, therefore causes the 
axial residual stress 	zz in the fiber to become lower than the compressive strength along the 
c-axis of the sapphire fiber (Fig. 6.11). As a consequence, fiber damage is prevented (Fig. 
6.12(b)). The low interfacial shear strength of the NiAl composite with BN interlayer, 
however, leads to insufficient load transfer from the matrix to the fiber and consequently 
causes a too low strength of the composite. Therefore, the BN interlayer is not suitable as 
interfacial modification in NiAl composites. 
 
Twin direction 
c-axis<0001>
Compressive stress 
=32.4°
:; 1110
Rhombohedral twin plane  )2110(
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Fig. 6.14 Axial residual stress 	zz in a fiber as a function of temperature for different fiber 
volume fractions Vf and fiber compressive strength along the c-axis (Vf : A – 10 %; B – 20 %; 
C – 30 %; D – 40 %; E – 50 %; F – 60 %; G – 80 %). 
 
As evident from Fig. 6.8, the fiber volume fraction strongly influences the TRSs in the 
sapphire fiber. The axial residual stress in the fiber decreases with growing fiber volume 
fraction. Fig. 6.14 shows the compressive axial thermal stress 	zz in sapphire fibers of NiAl 
composites without BN interlayer along its c-axis at different temperatures with changing 
fiber volume fraction, ranging from 10 % to 80 %. Interestingly, a fiber volume fraction of 
more than 40 % reduces the compressive axial residual stress in the fiber to values below the 
compressive strength along the c-axis of the sapphire fiber in the temperature range 680 – 790 
K. Therefore, a sufficiently high fiber volume fraction can mitigate or even prevent fiber 
damage in the composite. On the other hand, a fiber volume fraction in excess of 60 % causes 
consolidation problems [17], as discussed in the previous chapter. Therefore, a fiber volume 
fraction in the range of 40 % to 60 % seems to be an optimal compromise for NiAl 
composites to reduce fiber damage caused by TRS and to increase the tensile strength of NiAl 
composites. 
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6.4.2 Comparison of FEM simulations and nanoindentation measurements 
 
Nano-indentation is a convenient and inexpensive way to estimate the TRS *136+. Only a 
smooth surface of the sample to be measured is required due to the sensitivity of the 
penetration depth of the nanoindenter on the surface quality. 
 
Fig. 6.9 compares the calculated radial stress on the surface of NiAl composites 
with/without a BN interlayer with results from nanoindentation experiments. The measured 
data of corresponding samples are relatively higher than simulation results (426.7 MPa 
compared to 303 MPa and 713.9 MPa compared to 623 MPa). The reason is probably the 
imperfect arrangement of fibers in the samples. An inhomogeneous fiber arrangement leads to 
locally smaller spacings of neighbor fibers and, thus, higher TRS or even to contacts of the tip 
of the indenter with fibers. Furthermore, higher TRSs are generated in the matrix of 
composites if the fibers are not exactly parallel. 
 
According to the computed stress distribution (Fig. 6.10), the radial thermal residual stress 
	rr of NiAl matrix inside the composite is lower than on the surface. Therefore, the 
nanoindentation measurements of the NiAl matrix on the surface of sample do not reflect the 
TRS level inside the composite, but it represents an upper bound and, therefore, aids in 
assessing potential fiber damage due to TRS. 
 
6.5 Summary 
 
The thermal residual stresses in NiAl/Al2O3 composites with/without a BN interlayer after 
hot pressing were investigated by using FEM simulation and nanoindentation experiments. 
The simulated TRS distribution along the radial direction of fibers revealed a high 
compressive axial stress in the sapphire fiber of NiAl composites without BN interlayer in the 
temperature range of 680 – 790 K that will cause fiber damage. Introducing a BN interlayer 
decreases the TRS level and lessens the fiber damage but also causes low interfacial strength 
and thus, insufficient load transfer from the matrix to the fiber and eventually an insufficient 
composite strength. 
 
According to the simulation results, a higher fiber volume fraction of approximately 40 – 
60 % can effectively reduce the TRS in sapphire fibers to a level below the fiber strength and, 
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therefore, mitigate or even prevent fiber damage. The results of simulations and 
measurements by nanoindentation were comparable. 
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7 Simulation of Push-out Tests and Interfacial Shear Strength 
 
 
7.1 Introduction 
 
In long fiber-reinforced composites, the interface formed by the common boundary of 
reinforcing fiber and matrix is very important for the load transfer and properties of the 
composite [53]. The composites have a combination of physical and mechanical properties 
that cannot be achieved with either of the constituents acting alone, due to the presence of an 
interface that is unique and different from the components. 
 
To control the interface that can provide the composites with improved mechanical 
performance and structural integrity, it is essential to understand the properties and 
mechanisms of adhesion and debonding at the interface. The interfacial shear stress of NiAl 
composites for complete debonding at room temperature was recently measured by means of 
push-out tests [18, 130, 139]. 
 
In this chapter, an interface model for push-out tests based on microstructural observations 
is presented, and FEM simulations of push-out tests at room temperature and high 
temperatures are executed. The objective is to understand the interfacial behavior of 
intermetallic matrix composites (IMCs) during a push-out test and to correlate the mechanical 
behavior of the interface with experimental data to extract the intrinsic shear strength of the 
interface. Special effort was made to determine the interface debonding behavior of NiAl 
composites at high temperatures that is difficult to measure.  
 
Numerical methods are often used to determine the displacement and stress solutions in 
the presence of adhesion, friction, and debonding at the interface of fiber-reinforced 
composites. Specification of a failure criterion and the presence of stress singularities at the 
transition points to an adhesive interface cause complexities in obtaining finite element 
solutions with multiple interface zones including both friction and adhesion [94]. A stress 
solution based on Reissner’s variational principle by Tandon and Pagano [93] was a multi-
zone model with regions of interface under open, frictional slip and adhesive conditions. The 
residual stress state, adhesive zone progression, coefficient of friction, and the adhesive 
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strength of the interface were included in the model. Lin et al. [95] used a cohesive zone 
model (CZM) to simulate initiation and propagation of debonding in a single-fiber push-out 
model. The focus of their analysis, similar to that of Tandon and Pagano [93], was on the 
simulation of the adhesive debonding with frictional processes in the wake of crack growth. 
However, instead of an energy-based approach, Lin et al. used a four-parameter cohesive zone 
model coupled with Coulomb friction under small-scale infinitesimal sliding conditions. 
Pochiraju et al. [140] used the finite element method (FEM) and an axisymmetric damage 
model (ADM) to determine the stress distribution and the evolution of interfacial zones at the 
fiber-matrix interface. The work featured a detailed treatment including a direct determination 
of the coefficient of friction, the formation of the complex interface boundary conditions as a 
function of incremental loading, and a more systematic formulation to uncover the basic 
interface parameters. By applying the FEM-based friction model, the nature of the zonal 
boundary conditions, such as open, stick, slip, and adhesive regions were examined as a 
function of applied stress (or a time parameter). 
 
By assuming a constant value of interfacial shear strength in the temperature range from 
300 K to 673 K, Ananth et al. [141] simulated single fiber push-out tests for determining the 
elevated temperature push-out behavior. The results showed that the peak load Pmax increased 
with temperature. 
 
A detailed analysis and determination of instantaneous interface boundary conditions may 
not always be possible, and when they are possible, they may require an extension of the 
normal testing protocol. It should be recalled that the true purpose of push-out tests is to 
establish the properties that characterize the fiber-matrix interface under service conditions. In 
this chapter, the objective of the push-out test simulation is to extract the intrinsic interfacial 
shear strength from push-out test results. For simplification, dynamic debonding initiation and 
crack propagation at the interface are not included in the FEM model. 
 
7.2 Interface model of NiAl composites 
 
The evolution of interface structure and chemistry during the fabrication process of NiAl 
composites with/without BN interlayer is displayed in Fig. 7.1; more details can be found 
elsewhere [18]. 
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Fig. 7.1 Interface model of NiAl composites. 
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The fracture surface of the fibers and the NiAl-matrix after fiber push-out tests was 
analyzed by means of SEM/EDX [18, 139]. For as-diffusion bonded and as-cast samples of 
NiAl/Al2O3, the debonding during the fiber push-out test always took place at the interface 
between NiAl-matrix and Al-oxide sublayer. The measured average interfacial shear stresses 
for complete debonding were calculated according to Eq. 2.4 to amount to 250 MPa for the 
as-diffusion bonded composite and 231 MPa for the as-cast composite. These results 
indicated that the interfacial shear stress for complete debonding after casting was slightly 
lower. 
 
In as-diffusion bonded NiAl/BN/Al2O3 the interface debonding occurs mainly at the 
boundary between the BN-coating and the fiber but on the BN-coating side. The average 
interfacial shear stress for complete debonding was 70 MPa. After casting the interface 
debonding behavior was not unique, the interface debonded either between AlN and NiAl or 
between AlN and fiber or in the AlN-layer or even cracked in the NiAl-matrix, in contrast to 
the defined behavior of as-diffusion bonded composites. Surprisingly, the average interface 
shear stress for complete debonding for the as-cast composite was 77 MPa and thus, not very 
different from the as-diffusion bonded composite, even though the interface structure had 
entirely changed.  
 
7.3 FEM model of push-out tests 
In the FEM model with a fiber volume fraction Vf of 30% (Fig. 7.2), the fiber-matrix 
interface is modeled by using a contact-friction formulation. The interface of NiAl/Al2O3 is 
simulated as a perfectly bonding interface of negligible thickness between NiAl matrix and 
the fiber; one side frictional contact is applied between the fiber and BN interlayer for the as-
diffusion bonded NiAl/BN/Al2O3 and two side frictional contacts at both sides of the AlN 
interlayer were implemented for as-cast NiAl/BN/Al2O3. According to experimental results 
and FEM simulations [142], a frictional coefficient f of 0.21 was chosen in the NiAl 
composites with BN interlayer, as demonstrated in section 6.2.2. 
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Fig. 7.2 FEM model of NiAl composites for push-out tests. 
Where rf  = 63 µm, rm = 115 µm (Vf  = 30%), rs = 100 µm, rc = 1 mm, 2L = 0.4 mm. 
 
A stress based criterion was used for interfacial fracture to capture debonding, which was 
presumed to occur at a certain push-out load: 
 
rrfrz 	
	
  Intrinsicp                                                   (7.1) 
 
where 
p is the interfacial shear stress for complete debonding caused by the maximum push-
out load Pmax, 	rz is the thermal residual shear stress, 
Intrinsic is the intrinsic interfacial shear 
strength (the shear stress required to overcome the bonding), 	rr is the radial thermal residual 
stress, and f is the coefficient of friction. In Eq. 7.1, the effect of friction is included only 
when 	rr is a compressive stress, what is the case in NiAl composites. 
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7.4 Results 
7.4.1 Interfacial shear stress distribution 
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Fig. 7.3 Shear stress distribution at the interface along the z-axis of a 0.4 mm thick sample 
with different push-out loads for as-diffusion bonded NiAl/Al2O3. 
 
During push-out tests in as-diffusion bonded NiAl/Al2O3 the peak interfacial shear stress 
is located at the top side in a depth of 0.057 mm from the surface of the 0.4 mm thick sample 
(Fig. 7.3). Like the results of Bechel et al. [94], the debonding initiates from the top side in 
case of a fiber-to-matrix stiffness ratio Ef / Em = 2.3<3 in Al2O3 fiber-reinforced NiAl 
composites. 
The interfacial shear stress distribution for as-cast NiAl/Al2O3 is quite similar to the one 
for as-diffusion bonded sample. The reason is that the fracture positions during the push-out 
tests for both samples are the same, namely between NiAl (matrix or sublayer) and Al2O3 
sublayer. 
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Fig. 7.4 Shear stress distribution at interface along the z-axis of 0.4 mm sample thickness with 
different push-out loads for as-diffusion bonded NiAl/BN/Al2O3. 
 
After introduction of an approximately 1 µm thick BN interlayer between fiber and 
matrix, the interface structure and chemistry of the composite are quite different from the one 
without a BN interlayer. The texture in the BN interlayer formed during hot pressing 
decreases the thermal residual shear stress (TRSS) at the interface [18, 142]. It becomes zero 
at the center of the sample and increases with increasing distance from the center until it 
reaches to a platform value of about 7 60 MPa (see the curve with push-out load P = 0 N in 
Fig. 7.4). During the push-out test, the shear stress at the interface increases with increased 
push-out load. Debonding initiates at the top side where the interfacial shear stress reaches the 
maximum value. 
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Fig. 7.5 Interface shear stress distribution at interface along the z-axis of 0.4 mm sample 
thickness with different push-out loads for as-cast NiAl/BN/Al2O3. 
 
During embedded casting at about 1610 °C the BN interlayer transformed completely into 
a polycrystalline AlN interlayer because of diffusion and phase transformations at high 
temperature [18]. The peak TRSS is about 7 51 MPa (see curve with push-out load P = 0 N in 
Fig. 7.5). With increased push-out load the maximum interfacial shear stress occurs also at the 
top side. 
 
7.4.2 Extraction of interface properties 
In the push-out tests, a sample thickness of 0.4 mm was used. According to the interface 
model (Eq. 7.1) the intrinsic interfacial shear strength was calculated by FEM simulations, as 
shown in Table 7.1. The intrinsic interfacial shear strength of a NiAl composite without BN 
interlayer that exhibits good interface bonding after diffusion bonding is much higher than the 
one of a NiAl composite with BN interlayer that delaminated during cooling down after 
diffusion bonding due to development of texture in the BN interlayer [18, 142]. 
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Table 7.1 Interfacial shear strength of NiAl composites 
 
  NiAl/Al2O3 NiAl/BN/Al2O3 
As-diffusion bonded 250 70 Average interfacial shear 
stress for complete bonding 

average (MPa) As-cast 231 77 
As-diffusion bonded 512 100 Intrinsic interfacial shear 
strength 
Intrinsic (MPa) As-cast 457 147 
7.5 Discussion 
7.5.1 Top/bottom debonding 
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Fig. 7.6 Shear stress distribution at the interface along the z-axis with Pmax as a function of 
sample thickness. 
 
The interfacial shear stress distribution for different sample thickness is shown in Fig. 7.6. 
The peak interfacial shear stress for a thicker sample (1 mm) occurs on the top side near the 
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surface. With decrease of the sample thickness the peak interfacial shear stress moves from 
the top to the bottom side of the sample. Owing to the interfacial shear stress distribution 
failure of the fiber-matrix interface in the thick sample can be initiated by a shear mechanism 
at the point of highest interfacial shear stress. As the sample thickness decreases, the position 
of the peak interface shear stress for fracture initiation at the interface moves from the top to 
the bottom of the sample (Fig. 7.7). For samples thicker than 0.15 mm interface debonding 
initiates near the top of the sample, and propagates towards the bottom. 
 
0
0.5
1
0 0.2 0.4 0.6 0.8 1
Sample thickness (mm)
N
o
m
al
iz
ed
 c
ra
ck
 p
o
si
tio
n
Crack position
 
Fig. 7.7 Position of peak interfacial shear stress as a function of sample thickness. 
 
For thin samples with thickness less than 0.15 mm the fracture initiation changes from the 
top to the bottom of the sample. The critical sample thickness 0.15 mm with which 2L / rs = 
0.75 (where 2L is sample thickness and rs is the radius of the support hole) is consistent with 
the push-out test results of Asthana et al. [143-144]. The push-out curves of thick samples 
[143-144] typically showed a progression three-stage load-displacement response, whereas 
the load-displacement response of relatively thin (2L / rs  0.75) samples was characterized by 
a continuous increase in load to a maximum, followed by a gradual decrease to a constant 
value with no sharp drop in load. This unusual load-displacement behaviour in thin samples 
was attributed by Asthana et al. [144] to crack nucleation along the grain boundaries on the 
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bottom face caused by a combined effect of the tensile stress during specimen bending and 
push-out load. 
 
Fig. 7.8 Schematic of thermal residual stresses in NiAl composites during push-out tests. 
 
Interface debonding during push-out tests is a combined effect of shear stress and radial 
stress at the interface, as schematically shown in Fig. 7.8. However, a quite high positive 
radial stress component exists at the bottom of the push-out sample thinner less than 0.15 mm. 
This positive radial stress is caused by mechanical bending during the push-out test. During 
cooling after the consolidation process of NiAl composites, a negative radial stress 
(compressive stress) is built that clamps the matrix and the fiber together at the interface [142]. 
As shown schematically in Fig. 7.8, the interfacial thermal residual shear stress has the same 
sense at the bottom of the sample and the opposite sign at the top of the sample as the push-
out load. When the interfacial shear stress and tensile radial stress caused by bending in a thin 
sample during a push-out test are large enough, the combined effect can lead to debonding at 
the bottom, as shown in Fig. 7.9. In thick samples, the tensile radial stresses at the bottom are 
much lower. Unlike the stress state in thick samples, the presence of large tensile radial 
stresses caused by bending in the thin sample can result in crack initiation at the bottom 
interface rather than in shear failure initiating near the top surface of the sample. 
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Fig. 7.9 Interfacial radial stress distribution along z-axis with Pmax as a function of sample 
thickness. 
 
Under pure mode I, II or III fracture loading [100], the onset of damage at the interface 
can be determined simply by comparing the traction components. In single-fiber push-out 
tests of sapphire fiber-reinforced NiAl composites there are several factors expected to 
contribute to debonding. Due to the large CTE mismatch between alumina and NiAl the 
thermal residual stresses arising from this CTE mismatch lead to a thermo-elastic clamping of 
the fibers. The radial stresses due to thermal clamping of the matrix around the fiber and the 
bending stresses due to the applied load are not uniform over the length of the fiber and are 
sensitive to the test configuration (e.g. shape of the sample and the ratio of the sample 
thickness to the radius of the support hole in the fiber push-out test). The bending due to the 
applied load in a thin sample may lead to different radial stresses along the fiber/matrix 
interface, which are tensile near the bottom surface of the sample and compressive near the 
top surface, as shown in Fig. 7.9. Therefore, for the case of the crack initiation near the top 
surface the failure follows fracture mode II. On the bottom the tensile stress may exceed the 
fiber/matrix interface bond strength; as a consequence, nucleating cracks at the sample bottom 
surface will fail in mode I, or may suffer combined effects with the shear stress to fail in 
mode I and II. These cracks would propagate along the interface toward the top surface, thus 
yielding an apparent interfacial shear strength that is lower than the actual value. 
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The location of initial debonding can also quantitatively depend on the support hole 
diameter, the interface strength, the details of the thermal residual stress field, and the sample 
thickness in addition to the two parameters, fiber-to-matrix stiffness ratio Ef / Em and 
differential residual thermal strain T [94, 145-146]. 
 
 
Fig. 7.10 Map of top and bottom fiber debonds as a function of fiber-to-matrix stiffness ratio 
and differential residual thermal strain [94] (Symbol  for Al2O3 fiber-reinforced NiAl 
composite). 
 
Bechel et al. [94] referred to tests done by Koss et al. [147] on alumina/niobium and 
sapphire/TiAl composites (Penn data points in Fig. 7.10), and tests of Eldridge [148] on SiC 
fibers in a titanium alloy matrix and in a reaction bonded silicon nitride matrix on a map of 
top and bottom fiber debonding (NASA data points in Fig. 7.10). This map showed some 
interesting trends. A large fiber-to-matrix stiffness ratio Ef / Em increases the chance that the 
composite will debond from the bottom surface during a push-out test. For a low differential 
residual thermal strain T, as Ef / Em increases, there is a transition from a top debond to a 
bottom debond that occurs within a range of Ef / Em ratio of 3 – 4. 
 
For the Al2O3 fiber-reinforced NiAl composites in this study the fiber-to-matrix stiffness 
ratio Ef / Em = 2.3<3 and the differential residual thermal strain T  – 0.0029 (see symbol 

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 in fig. 7.10). Therefore, the simulated peak interfacial shear stress on the top side of the 
sample with 0.4 mm thickness (Fig. 7.3) is in good agreement with the results of Bechel et al 
[94]. 
 
7.5.2 Influence of temperature on push-out behavior 
 
The Al2O3 fiber-reinforced NiAl composites are designed to be used as core material of 
gas turbine blades subject to a constant tensile stress at elevated temperatures [130]. Therefore, 
the properties of NiAl composites at elevated temperatures are very important for the 
application. Some experimental studies [149-152] addressed the interface properties during 
push-out tests at elevated temperatures. Extending the fiber push-out tests to elevated 
temperatures requires additional experimental facilities. The major challenges are: (1) control 
of the indenter motion within the test chamber normally with high vacuum, (2) fast sample 
and indenter heating while keeping nearby components cool, and (3) the capability of 
performing a fiber/indenter alignment at temperature within the test chamber. It is difficult to 
properly conduct such experiments. Instead, FEM simulations can be performed to assess the 
interface debonding behavior of composites during push-out tests at elevated temperatures [90, 
96, 141]. 
 
In this study, push-out tests on NiAl composites with sample thickness of 0.4 mm were 
numerically simulated to study the effect of temperature on the push-out behavior at a 
temperature range from 300 K to 850 K. In NiAl composites the residual stress decreases with 
increasing temperature which results in a decrease of the axial strain mismatch thus reduces 
the residual shear stress at the interface. In powder metallurgy fabricated sapphire fiber-
reinforced NiAl matrix composites [152], the fiber push-out behavior showed a marked 
change between the low temperature and the high temperature. The interfacial failure at low 
temperatures was distinct debonding events, accompanied by a sharp decrease of the applied 
load. At high temperatures (> 973 K) there was no distinct debonding event. Therefore, in the 
current study a constant value of the interfacial shear strength for NiAl composites without 
BN interlayer (
Intrinsic = 512 MPa) was assumed in the temperature range from 300 K to 850 
K. 
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Fig. 7.11 Maximum push-out load Pmax in NiAl/Al2O3 as a function of temperature (
Intrinsic = 
512 MPa). 
 
According to the simulation, the initial debonding at high temperature still occurs at the 
top side. Fig. 7.11 shows that the peak push-out load Pmax decreases with rising temperature. 
It is consistent with simulation results of Chandra et al [96]. The reason is the reduction of the 
thermal residual shear stress and of the frictional shear stress at elevated temperatures (Fig. 
7.12). A smaller load is required for failure initiation if debondings initiate at the top side. 
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Fig. 7.12 Thermal residual shear stress and friction shear stress for complete debonding at the 
interface of NiAl/Al2O3 at different temperatures. 
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Fig. 7.13 Maximum push-out load Pmax of as-diffusion bonded (
Intrinsic = 100 MPa) and as–
cast (
Intrinsic = 147 MPa) NiAl/BN/Al2O3 as a function of temperature. 
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Push-out tests on NiAl/BN/Al2O3 in the temperature range 300 – 600 K were also 
numerically simulated by assuming a constant value of interfacial shear strength (
Intrinsic = 
100 MPa for as-diffusion bonded samples and 
Intrinsic = 147 MPa for as-cast samples). The 
same trend (decrease of the peak push-out load Pmax with increasing temperature) is found in 
as-diffusion bonded and as-cast NiAl composites with BN interlayer, as shown in Fig. 7.13. 
The decrease of the thermal residual shear stress and friction shear stress at the interface are 
associated with a decrease of Pmax. 
 
7.6 Future work 
 
Interesting work remains to be done in the FEM simulation of single-fiber push-out tests 
at high temperatures. If the microstructural evolution of NiAl composites at elevated 
temperatures can be ascertained, it may be possible to calculate the interfacial property of 
NiAl composites under service conditions of a gas turbine blade. 
 
Another issue to be solved is the crack propagation behavior along the interface. By using 
a cohesive zone model (CZM) the debonding initiation and propagation in a single-fiber push-
out model can be simulated. Based on simulations, information on interfacial behavior of 
NiAl composites can be obtained and used for toughening design for a realization of NiAl 
composites for structural applications. 
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8 Conclusions 
The presented research addressed the modeling of the diffusion bonding process and the 
interfacial properties of continuous single crystal Al2O3 (sapphire) fiber-reinforced NiAl 
matrix composites. According to the simulation results and the experimental measurements 
[18, 139], NiAl composites are promising candidate materials for use as core material in gas 
turbine blades of the next generation power plants [1-2]. 
 
8.1 High temperature creep behavior 
 
To obtain creep data of NiAl for simulation of the hot pressing process of NiAl MCFs, the 
steady-state creep behavior of NiAl was studied by constant strain rate tests in the strain rate 
regime 1.5 × 10-4  
.
   1.0 × 10-2 s-1. Moreover, primary creep of NiAl was investigated at 
different stresses (10 – 80 MPa) in the temperature range from 1473 K to 1673 K. 
 
The steady-state creep rate was fitted to a temperature compensated power-law expression 
)/exp()/(
.
RTQB n  	 , from which a stress exponent n   3.5 and an activation energy 
Q   398 kJ mol-1 in a temperature range from 1473 K to 1673 K were derived, respectively. 
The obtained activation parameters indicate that dislocation creep dominates the creep 
behavior of NiAl in this temperature range. An analysis of the steady-state creep behavior of 
NiAl is shown in Table 3.1. 
 
The transient creep behavior at 40 MPa could be fitted to a power law 
equation mbt 0  with 
5.3	2b  and 0.52 < m < 0.68.  The calculated primary creep data 
of NiAl were shown in Table 3.2. 
 
8.2 Modeling and Simulation of the Diffusion Bonding Process 
 
To understand the diffusion bonding process of NiAl MCFs, an analytical model for the 
consolidation process of NiAl (MCFs) during hot pressing at high temperatures was 
developed. Several densification mechanisms, e.g diffusion and plastic deformation, were 
considered for mass transport to quantify the diffusion bonding kinetics. A simple void 
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geometry and its evolution during hot pressing were considered. Also primary creep was 
accounted for in the model, and it was demonstrated that primary creep represents the most 
important contribution to the consolidation of the matrix coated fibers during hot pressing of 
NiAl MCFs at high temperatures. A densification mechanism map was derived which aids in 
understanding and estimating the diffusion bonding kinetics of long fiber-reinforced 
composites. 
 
FEM simulations were performed to model the consolidation process of continuous Al2O3 
fiber-reinforced NiAl composites during diffusion bonding. The primary creep behavior of 
NiAl was accounted for in the FEM model. The simulation results demonstrated that primary 
creep played a very important role in the consolidation process at high temperatures and high 
pressures. Various processing parameters were investigated to evaluate the effects of 
temperature and hot pressing stress on the consolidation behavior. It was found that the effect 
of pressure on consolidation was more significant at high temperatures due to its strong 
influence on the creep rate during power law creep. The effects of fiber volume fraction and 
the arrangement of MCFs were also analyzed. 
 
According to the simulation, the recommended optimal hot pressing parameters were: 
1573 K / 40 MPa / 30 – 60 Minutes, Vf  60%. Fully dense composites were actually 
fabricated with the predicted processing conditions, and good agreement between simulation 
and experiment was achieved. 
 
8.3 Thermal Residual Stress 
 
During cooling down from the fabrication temperature after diffusion bonding of MCFs, 
thermal residual stresses (TRSs) will build up in the NiAl composites due to different 
coefficients of thermal expansions (CTEs) of fiber and matrix. To assess the TRS distribution 
and its influence on the properties of NiAl composites, TRSs in NiAl composites with/without 
BN interlayer were simulated. The FEM model used in the simulation included the effect of 
neighboring fibers of the composite. 
 
The simulation results showed that a minimum sample thickness and a minimum size of 
the surrounding composite had to be exceeded in order to obtain the correct TRS distribution. 
The TRS, caused by different thermal expansion of fiber and matrix in the NiAl composite, 
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was sufficiently large to cause fiber damage due to twinning on different rhombohedral planes 
in the sapphire fiber. The introduction of a BN interlayer or a higher fiber volume fraction (40 
– 60 %) essentially reduces the TRS level in the NiAl composite and lessens the fiber damage. 
The residual stress in the NiAl composites was experimentally measured by nano-indentation. 
A good agreement between measurements and finite element analysis was obtained. 
 
Based on the simulation results tensile tests of NiAl composites with high fiber volume 
fraction (50 %) were performed. The tensile strength at 1273 K was higher than the required 
tensile strength (150 MPa) [139]. 
 
8.4 Simulation of Push-out Tests 
 
The interfacial shear strength is a very important property of composites. To extract the 
intrinsic interfacial shear strength of NiAl composites, an interface model for the FEM 
simulation was developed in which the influences of the TRS and the friction stress at the 
interface were included. The intrinsic interfacial shear strength of NiAl composites without 
BN interlayer was calculated as 512 MPa that was much higher than the one (100 MPa) of 
NiAl composites with BN interlayer. According to the simulation the initial debonding in 
push-out specimens of NiAl composites occurred at the top side in thicker samples and at the 
bottom side in thinner samples. The critical sample thickness was 0.15 mm. The reason of the 
change of the initial debonding position was the presence of large tensile radial stresses 
caused by bending at the interface of the bottom side in a thin sample. 
 
The push-out test was also numerically simulated for elevated temperatures by assuming 
a constant value of the interfacial shear strength. The peak push-out load Pmax decreased with 
rising temperature due to the reduction of the thermal residual shear stress and the friction 
shear stress at elevated temperatures. 
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Zusammenfassung
In der vorliegenden Arbeit wurden die Verdichtungsvorgänge des Diffusionsschweißens 
und die Grenzflächeneigenschaften der NiAl-beschichteten Al2O3 Faserverbundwerkstoffe 
modelliert und simuliert. Nach den Simulationsergebnissen wurden die optimalen 
Diffusionsschweißparameter zu den verschiedenen Faservolumenanteilen und die 
Grenzflächenscherfestigkeit vorgestellt. 
 
8.1 Hochtemperaturkriechverhalten 
 
Dazu wurden Kriechkurven unter einer Druckspannung von 10 bis 80 MPa und 
Fließkurven bei einer Dehngeschwindigkeit von 10-5 bis 10-2 s-1 bei den Temperaturen 1473 K, 
1573 K und 1673 K aufgenommen. Die notwendigen Werkstoffdaten für die Modellierung 
und Simulation, z. B. die Verformung bei spontanem und primärem Kriechen sowie der 
Spannungsexponent beim stationären Kriechen des NiAl wurden experimentell ermittelt. 
 
Das stationäre Kriechen folgte  einem Potenzgesetz )/exp()/(
.
RTQB n  	  mit 
einem Spannungsexponenten von n   3.5 und einer Aktivierungsenergie Q   398 kJ mol-1 
im Temperaturbereich 1473 – 1673 K. In diesem Temperaturbereich wird bei einer 
Druckspannung zwischen 10 – 80 MPa die Kriechverformung durch diffusionskontrollierte 
Versetzungsbewegung gesteuert. Die entsprechenden stationären Kriechparameter wurden in 
Table 3.1 dargestellt. 
 
Die primäre Kriechverhalten konnte mit der zeitabhängigen Gleichung mbt 0  
beschrieben werden, wobei 5.3	2b  und 0.52 < m < 0.68, wie in Table 3.2 gezeigt. 
 
8.2 Modellierung und Simulation der Verdichtungsvorgänge beim Diffusionsschweißen 
 
Die Verdichtungskinetik der NiAl-beschichteten Al2O3 Faserbündel beim 
Diffusionsschweißen wurde analytisch modelliert. Ein analytisches Diffusionsschweißmodell, 
das verschiedene Mechanismen berücksichtigt, z. B. Diffusion und plastische Verformung, 
wurde entwickelt. Im Modell wurden eine vereinfachte Hohlraumgeometrie und die 
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entsprechende zeitliche Entwicklung angegeben. Es wurde festgestellt, dass den Hauptbeitrag 
zur Faserbündelverdichtung bei hohen Temperaturen die Kriechverformung, also primäres 
und stationäres Kriechen, liefert. Eine Verdichtungsmechanismenskarte wurde erstellt. 
 
Auf Basis des Diffusionsschweißmodells wurde eine Finite Elemente Simulation 
durchgeführt, um die optimalen Diffusionsschweißparameter zur Herstellung von NiAl 
Verbundwerkstoffen zu ermitteln. Das primäre Kriechen wurde in dem FEM-Modell 
berücksichtigt. Die Simulationsergebnisse zeigen, dass die Druckspannung bei hohen 
Temperaturen eine große Rolle spielt. Ferner wurde der Effekt des Faservolumenanteils und 
der MCF-Anordnung analysiert.  
 
Aufgrund der Rechenergebnisse wurden als optimale Diffusionsschweißparameter für 
NiAl-beschichtete Al2O3 Faserbündel empfohlen: 1573 K / 40 MPa / 30 – 60 Minuten, Vf  
60%. Diese Parameter wurden durch Heißpressversuche experimentell überprüft. Theorie und 
Experiment zeigten eine gute Übereinstimmung. 
 
8.3 Thermische Eigenspannungen 
 
Nach dem Diffusionsschweißen bleibt eine thermische Eigenspannung in mit 
Keramikfasern verstärkten metallischen oder intermetallischen Verbundwerkstoffen wegen 
der unterschiedlichen thermischen Ausdehnungskoeffizienten von Faser und Matrix zurück. 
Um die thermischen Eigenspannungen zu steuern und die mechanischen Eigenschaften der 
NiAl Verbundwerkstoffe zu verbessern, wurde der thermische Eigenspannungszustand in 
NiAl Verbundwerkstoffen mit und ohne BN Zwischenschicht numerisch modelliert und 
simuliert.  
 
Die Simulationsergebnisse zeigen, dass in der Faser ohne BN Zwischenschicht die 
thermische Spannung größer als die Druckfestigkeit der Faser entlang der c-Achse ist. Die 
Zwillinge in der Faser, gebildet durch die thermische Eigenspannung,  verursachen eine 
unkoordinierte Bewegung der Atome, die schließlich zum Bruch in der Faser führt. Der 
Einfluss des Faservolumenanteils auf die thermische Eigenspannung wurde simuliert. Das 
Ergebnis zeigt, dass die Druckspannung entlang der c-Achse in der Faser mit zunehmendem 
Faservolumenanteil kontinuierlich reduziert wird. Die Simulationsergebnisse demonstrieren, 
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dass die thermische Spannung in NiAl Verbundwerkstoffen durch den Einsatz einer BN 
Zwischenschicht wesentlich reduziert wird.  
 
Auf der Basis der numerischen Simulationsergebnisse wurde ein hoher 
Faservolumenanteil (50%) zur Reduzierung der thermischen Eigenspannungen in NiAl 
Verbundwerkstoffen empfohlen und experimentell überprüft. Eine hohe Zugfestigkeit bei 
1273 K wurde dadurch erreicht. 
 
8.4 Simulation von Faser-Push-out Versuchen 
 
In Verbundwerkstoffen spielt die Grenzflächenfestigkeit eine große Rolle für die 
Lastübertragung von der Matrix auf die Fasern, was die Eigenschaften der Verbundwerkstoffe 
stark beeinflusst. Um die intrinsische Grenzflächenscherfestigkeit der NiAl 
Verbundwerkstoffe zu bestimmen, wurde ein Grenzflächenmodell für FEM Simulationen 
entwickelt, in dem die Auswirkungen der Grenzflächenscherfestigkeit, der thermischen 
Spannung und der Reibung der Grenzfläche berücksichtigt wurden.  
 
Die Simulationsergebnisse zeigen, dass die intrinsische Grenzflächenscherfestigkeit der 
NiAl Verbundwerkstoffen ohne BN Zwischenschicht (512 MPa) wesentlich höher ist als in 
Verbundwerkstoffe mit BN Zwischenschicht (100 MPa). Die Rissbildung durch Faser-Push-
out Tests beginnt an unterschiedlichen Probenpositionen, je nach Probendicke. Der Grund 
dafür liegt in den unterschiedlichen radialen Spannungen bei verschiedener Probedicke 
aufgrund der Biegung der Probe. 
 
Letztlich wurden Faser-Push-out Tests bei angenommener konstanter 
Grenzflächenscherfestigkeit numerisch simuliert. Die maximale Push-out Last nahm mit 
fallender thermischer Eigenspannung und Reibung ab. 
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